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ABSTRACT
MODIFICATION AND EVALUATION OF FUEL CELL MEMBRANES
by Amol Prataprao Nalawade
May 2011
The primary goals of this study were modification of existing Nafion® membranes
and characterization of newly developed hydrocarbon-based membranes for high
temperature fuel cell applications. Various Nafion®/silicate nanocomposites were
formulated via in situ sol-gel reactions for tetraethylorthosilicate. Different silicate
composition profiles generated across membrane cross-sections were investigated by
EDAX/ESEM. Composite water uptake, proton conductivity and fuel cell performance
were comparable to that of unmodified Nafion®. Tafel analysis showed better electrode
kinetics for composites having more silicate in the middle and less or no silicate at
electrolyte-electrode interfaces. All composites showed reduced fuel cross-over and
superior mechanical as well as chemical durability than unmodified Nafion®.
Poly(cyclohexadiene) (PCHD) materials were characterized in the interest of developing
alternative low-cost proton exchange membranes. All cross-linked sulfonated (xsPCHD)
membranes showed significantly higher water uptake at 80 °C and higher proton
conductivity at 120 °C at all relative humidities (RH), compared to the current benchmark
membrane, Nafion®. A xsPCHD-poly(ethylene glycol) (PEG) copolymer and a xsPCHD
- PEG blend surpassed the DOE target by exhibiting proton conductivities of 141.44 and
322.40 mS/cm, respectively, at 50 % RH. Although the PCHD-based PEMs exhibited
thermal stability up to 150 °C, they showed poor mechanical properties which would
cause poor membrane durability during fuel cell operation.
ii

Atomic force microscopy studies demonstrated nanophase separated morphology of
xsPCHD having a higher degree of connectedness of hydrophilic domains in the
copolymer and blends relative to the xsPCHD homopolymer. Broadband dielectric
spectroscopy (BDS) was used to study sub-Tg relaxations in annealed poly(2,5benzimidazole) (ABPBI) fuel cell precursor materials. A trend in degree of connectivity
of charge migration pathways and conductivity with annealing temperature and time was
uncovered. Solid state 1H and 13C NMR studies showed hydrogen bonding group
mobility while wide angle X-ray diffraction investigations indicated an increase in chain
packing efficiency vs. temperature. BDS studies also investigated the effect of acid
doping on poly(benzimidazole) (PBI) membrane macromolecular dynamics and dc
conductivity, σdc. High ε’ values observed for acid doped samples in the low frequency
regime could be due to membrane-electrode interfacial polarization. Distribution of
relaxation time curves broadened while σdc increased with increase in acid doping level
in the PBI membrane.
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CHAPTER I
INTRODUCTION
Fuel Cells
Fuel Cells, Their Types and Applications
A fuel cell is an electrochemical device which converts chemical energy of simple
fuels directly into electrical energy. Fuel cells are classified by types of electrolytes, types
of ions transferred through the electrolyte, types of reactants and operating temperature.
The major types of fuel cells are: Phosphoric acid fuel cells (PAFC), molten carbonate
fuel cells (MCFC) and solid oxide fuel cells (SOFC) the latter of which are for high
temperature ( > 250 °C ) operation in large power units, while direct methanol fuel cells
(DMFC), proton exchange (or polymer electrolyte) membrane fuel cells (PEMFC), and
alkaline fuel cells (AFC) are most suited for low temperature (80 to 250 °C) operation
fuel cells useful as small power units.1-3 The PEMFCs and DMFCs both use solid
polymer membranes as an electrolyte, but they use different types of fuel. PEMFCs use
molecular hydrogen gas while DMFCs use methanol. The polymer electrolyte-based fuel
cells are attractive and most promising candidates for clean power sources in
transportation, stationary and portable applications.
Polymer Electrolyte Membrane-Based Fuel Cells
PEMFCs are leading technology for applications as vehicular power sources. The
main features of PEMFCs are high power density and high energy efficiencies at
moderate operational temperatures, all solid construction and are a low/zero emission
power source. Figure I-1 shows the basic operation of a PEMFC and the components of
the single cell PEMFC. The basic operation requires a polymer membrane coated with
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platinum based catalyst on either side forming an electrode and the composite is called a
membrane-electrode assembly (MEA). There are gas diffusion layers to allow uniform
distribution of gases over the catalyst surface, and flow plates with gas flow channels.
The reactant gases, hydrogen and oxygen, are supplied at anode and cathode respectively.
The membrane serves as a separator to prevent mixing of reactant gases and as an
electrolyte for the rapid transport of protons from anode to cathode. At the anode,
supplied hydrogen dissociates into protons and electrons. Protons diffuse through
hydrated membranes towards the cathode while electrons travel to the cathode through
the external circuit generating electric current. At the cathode, supplied oxygen is reduced
on catalyst particle surfaces to combine with protons and electrons that migrated from
anode to cathode to form water as a benign by-product. The electrochemical reaction
taking place in PEMFCs is shown below:
At anode:

H2
½ O2 + 2H+ + 2e¯

At cathode:

2H+ + 2e¯
H2O

DMFCs are simpler due to ease of methanol transport and lack of reforming
operations but have high efficiency losses (up to 50%) caused by methanol crossover
through the membrane.4,5 Due to their lower efficiency, DMFCs are mainly targeted for
portable and stationery applications. The electrochemical reactions taking place at the
electrode are as follows:
At anode:
At cathode:

CH3OH + H2O
6H+ + 6e¯ + 3/2 O2

CO2 + 6H+ + 6e¯
3H2O

3

(a)
(b)
Figure I-1. Diagram showing (a) PEMFC operation6 and (b) components of single cell
PEMFC.1
Proton Electrolyte Membranes (PEMs) for Fuel Cell Applications
Required Membrane Properties
PEMs are considered as the heart of fuel cell technology. The first and foremost
function of the electrolyte membrane is the transport of protons from anode to cathode.
Other significant requirements the PEM should possess for better fuel cell performance
are as listed below:
- High proton conductivity
- Good thermal and mechanical stability
- Chemical stability (low rates of molecular weight degradation)
- Better gas barrier properties (prevent crossover of fuel and oxidant)
- Reasonable operating range: temperature and relative humidity (RH)
- Low cost and ease of MEA processing
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Current Benchmark Nafion® Membranes
The perfluorosulfonated acid membranes (PFSA), such as Nafion®, were the first
PEMs developed for fuel cell applications. DuPont’s Nafion® is the most studied and
current benchmark membrane.7,8 The chemical structure of Nafion® is shown below:

Figure I-2. Chemical structure of Nafion®.

M is either a metal cation or a proton in the acid form. These materials are generated by
copolymerization of perfluorinated vinyl ether comonomer with tetrafluoroethylene.
Different grades of Nafion® are classified on the basis of equivalent weight (EW), which
is, the weight of the polymer neutralized by one equivalent of base. The ion exchange
capacity (IEC) is related to EW by IEC = 1000 / EW. A comprehensive review of the
structure and properties of Nafion® by Mauritz and Moore.9 Nafion® derives its
usefulness in part because of its excellent oxidative and chemical stability. The Nafion®
microstructure involves hydrophilic ionic clusters distributed in a hydrophobic matrix as
shown in Figure I-3 (a). These ionic domains are interconnected. The hydrophobic region
comprised of Teflon-like backbones with side chains while hydrophilic regions are
comprised of sulfonic acid moieties with counterions and attached water. Gierke et al.10-12
proposed this primitive cluster network model based on the limited structure-property
information available at that time. In the following years, alternative models proposed on
the basis of extensive structure-property studies conducted. Yeager and Steck13 proposed
three phase clusters system with interconnecting channels within a polymer as shown in

5
Figure I-3 (b). The three phase model differs from the Gierke model in that it proposes
that the clusters do not have strict geometrical shapes and possess less geometrical
ordering. Most importantly, there are transitional interphases region (B) between
hydrophobic regions (A) and hydrophilic region (C) containing the pendant side chains,
small amounts of water, some ionic groups and counterions.

(a)
(b)
Figure I-3. (a) The Nafion® microstructure and (b) the Yeager 3 phase model of Nafion®
clusters.14
Nafion® has high proton conductivity ~0.10 S/cm at fully hydrated conditions and
at lower temperature of 30 °C. The membrane proton conductivity is directly related to
the hydration level. The conductivity further increases with increase in FC operating
temperature.15 During the FC operation, water is produced at cathode side as a byproduct. Also the excess water is migrated from anode to cathode due to electro-osmotic
drag of water molecules by protons. The net accumulation of water results in flooding at
cathode side though some of this water is back diffused towards anode side. This causes
drying of membrane away from cathode resulting decrease in conductivity while
excessive membrane swelling observed towards cathode side causes limiting current
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behavior. The poor water management in Nafion® results in swelling and de-swelling (or
shrinking) at different locations within membrane affecting its dimensional stability. The
hydrated Nafion® membrane mechanical properties such as Tg and modulus are lowered
due to absorbed water, which act as a plasticizer.16 The RH cycling during fuel cell
operation further deteriorates these properties. The membrane shrinking on de-hydration
reduces the contact across membrane | electrode interface leading to the fuel crossover.
The poor Nafion® membrane barrier properties lead to high fuel cell efficiency losses,
especially in DMFCs, due to high methanol cross-over rates. The accelerated fuel cell
tests suggested that the membrane durability is mostly governed by the mechanical
strength of MEA.17,18 Mechanical degradation of MEA leads to formation of cracks,
tears, pinholes which further accelerates fuel crossover causing more chemical
degradation.19 Physical degradation associated with humidity and temperature variations
in the cell open new fuel crossover pathways and contribute synergistically with chemical
degradation to membrane degradation.20-22 Furthermore, the difficulty to synthesize and
process Nafion® rather makes it high cost material.
At the temperature, above 100 °C, Nafion® membrane looses water and
significant drop in conductivity is observed affecting overall fuel cell performance.23,24
Thus there is need to improve water retention at high temperatures for the better
membrane FC performance, while maintaining chemical as well as morphological
stability to resist excessive water swelling. The losses due to the carbon monoxide (CO)
poisoning are significant when fuel cell operated at temperatures below 100 °C.25,26 Even
small traces of CO present in fuel bind to the catalyst, reducing its active surface area for
hydrogen oxidation reaction. The above mentioned drawbacks make Nafion® unsuitable
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for high temperature fuel cell applications and demands further modification of
membrane. One such approach practiced extensively over the last two decades is to
generate inorganic/organic composite proton exchange membranes using the sol-gel
process.
Organic/Inorganic Nanocomposites
The inorganic modification of PEMs by sol-gel process is very effective synthesis
route due to advantages like higher purity, homogeneity and lower processing
temperatures. It involves addition of very small inorganic hydrophilic particles within
organic polymer matrix. The nanoscopic-size particles are of greatest interest as they
possess high surface: volume ratio. The inorganic filler can be highly proton conductive
such as heteropolyacids, or lamellar zirconium phosphates or phosphonates or less, nonproton conductive such as metal alkoxides (silica, titania, alumina, zirconia, and their
mixtures). Various detailed recent reviews on the development of inorganic-organic
composite membrane for FC applications are available.27-32 The sol-gel processing of
Nafion® and other alternative PEMs is performed to improve the following membrane
properties, in particular:
(i) Water retention due to a large number of hydrophilic surface groups that bind water
molecules would facilitate fast proton conduction at high operation temperatures.
(ii) Homogeneously dispersed hydrophilic inorganic particles assists in improving
membrane water management by reducing the electro-osmotic drag of water molecules.
(iii) The inorganic reinforcement will result in higher Tg which would give better
thermo-mechanical properties, improve membrane durability and help in prevention of
membrane cracking due to humidification- dehumidification cycling.
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(iv) Lower fuel permeability or crossover which will improve FC efficiency and reduce
membrane chemical degradation.
The Nafion® nanocomposites can be prepared by in-situ formation of inorganic
component within the organic phase of a preformed membrane. Nafion® quasi-ordered
polar/nonpolar nanophase separated morphology acts as a template that catalyzes in-situ
sol-gel reaction via pendant –SO3H groups and influences the geometrical distribution of
the inorganic oxide phase after sample drying. The sol-gel reaction variables include
alkoxide type (OR), including organic moiety (R') on semi-organic alkoxides, e.g.,
R'Si(OR)3, concentration, H2O: OR ratio, solvent type, PH, temperature, and drying
method. A review articles by Mauritz et al. include a summary of approaches taken in
our, as well as other, laboratories in the creation of mainly PFSA-based organic/inorganic
materials via in situ sol-gel processes for metal alkoxides and organoalkoxysilanes.33-35
Mauritz et al. prepared and characterized hybrid Nafion®/silicate membranes
synthesized as per the scheme shown in Figure I-4.36-39 Initially, the Nafion® film was
pre-swollen in alcohol/water solutions. The alcohol enhanced the subsequent permeation
of tetraethylorthosilicate (TEOS) solution in alcohol which is added to the Nafion®
containing solution. At a given PH and temperature, the polar TEOS molecules
preferentially migrate to the clusters on the basis of energetic compatibility. Having
removed membranes from TEOS source solution, they were dried under heat and vacuum
to remove volatiles, and further drive the condensation of SiOH groups to greater degree.
The composites were probed by environmental scanning electron microscopy (ESEM)
across membrane cross-section to achieve qualitative understanding of silicate structures
distribution between the membrane surfaces. ESEM studies indicated that the greatest
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concentration occurs at the near-surface regions than in the middle for relatively thicker
Nafion® membranes. Symmetrical U-shaped composition profile39,40 was attributed to a
high TEOS overall sol-gel reaction rate compared to the slower rate of inward diffusion
of hydrolyzed TEOS which becomes progressively more difficult due to obstacles posed
by already precipitated inorganic structures in the near-surface regions. Furthermore,
asymmetric silicate composition profiles synthesized across the Nafion® film thickness
by allowing TEOS to permeate the film from only one direction.41 ESEM as well as IR
spectroscopy verified that asymmetric membrane can be created by in-situ sol gel
reaction. Later, Baradie et al. created Nafion® 117/silicate membranes having nonuniform Si compositional profiles across the composite thickness direction.42 They
showed that it is possible to have more silicate in the middle of membrane than near the
edges by having TEOS and DI water separately permeate from opposite sides of the
membrane in a two-compartment cell. In this way, a membrane-electrode interface would
be essentially the same as that for an unmodified Nafion® after membrane electrode
assembly (MEA) formation. Thus, electrochemical reaction kinetics at the anode and
cathode of MEAs during fuel cell operation will not be altered or at least held to minimal
levels.
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Figure I-4. Schematic depiction of formulating Nafion®/[silicon oxide] nanocomposites
via in situ sol-gel reactions within nanometers in size polar clusters.
Mechanical tensile studies on Nafion®/silicate hybrids revealed progressive
strengthening with decreasing elongation-to-break followed by a ductile-to-brittle
transformation that occurs with increasing silicate content.43 This transition reflects
silicate phase percolation in that isolated clusters become inter-knitted by linear-directed
polycondensation reactions and the glasslike interpenetrating silicon oxide network
becomes the predominant load-bearing phase. TGA-FTir investigation of the thermal
degradation showed shift of temperature of the onset of initial step of decomposition for
the silicate modified composite compared to that of unfilled Nafion®.44 Thus,
modification of Nafion® membrane by incorporation of silicate structure improved the
mechanical as well as thermal stability of membrane which may increase membrane
long-term durability for high temperature FC applications.
The Nafion®/silicate hybrids showed higher water uptake than that of the unfilled
membrane.45 We attribute this increase to the insertion, within clusters, of numerous
SiOH groups to which H2O molecules can be hydrogen-bonded as shown below in Figure
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I-5. Later, other researchers46,47 showed that such a silicate phase imparts greater
hydration capacity than the acid form of Nafion®. Miyake et al. formulated
Nafion®/silicate membranes according to protocols developed by Mauritz group within
the context of fuel cell membranes and concluded that the hybrid has higher water
content than the unmodified acid form at 25 and 120 °C, but not at 150 and 170 °C and
conductivity decreases with increasing silicate content.48 The latter condition may result
from increased charge transport tortuosity and/or sulfonic acid groups being shielded as
proton hopping sites by silicate structures. Bocarsly et al. performed complete fuel cell
characterization of PFSA type- silicate hybrid membranes for PEMFCs applications.49,50
The silicate nanoparticles incorporation improved water retention of the composite
membranes, increasing proton conductivity at elevated temperatures. At operating
conditions of 3 atm, cell temperature 130 °C, and constant potential of 0.4 V Nafion®
115/silicate hybrids showed four times the current density that of unmodified Nafion® in
a H2/O2 PEMFC. The cases were reported46,51,52 where the methanol uptake, the
permeation, and the diffusion were lowered.

Figure I-5. Proton conduction along hydrogen bonded pathways structured around high
surface/volume silicate nanoparticles.
The overall conclusion was that these membranes with high silica content have
potential for use as electrolytes for both PEMFCs as well as DMFCs operating on either
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liquid feed or vapor feed fuels. In these studies, Nafion®/silicate hybrid membranes with
different silicate composition gradients across the thickness direction are prepared and
the results of the fuel cell testing of these hybrid materials are described. The ultimate
PEM design is very important to optimize the organic/inorganic composites fuel cell
performance.
Development of Alternative Hydrocarbon-Based Membranes
The effect of CO poisoning could be mitigated by operating fuel cell at
temperatures > 100 °C.53,54 The high temperature application would facilitate removal of
water by-product and help water management inside membrane during fuel cell
operation. Furthermore, it would reduce the complexity of fuel cell system by improving
heat management. This has lead to the research more focused on the development of
alternative PEMs for operation at high temperature and low RH. The progress of
development of alternative hydrocarbon-based materials is published in the recent review
articles.55-58
The new membrane materials must have better proton conductivity with
significantly reduced water transport for PEMFCs, and methanol permeability in case of
DMFCs (through diffusion and electro-osmotic drag), better mechanical and chemical
stability with improved durability, which will ultimately enhance fuel cell performance.
The most promising sulfonated hydrocarbon PEM candidates include: sulfonatedpoly(styrene) block copolymers,59-63 poly(arylene ethers),64-67 poly(sulfones),68,69
poly(phenylenes),70,71 poly(ether ether ketone),56,70,72 poly(imides),73-75
poly(phosphazenes).76,77 Sulfonated hydrocarbon PEMs have high thermo-mechanical
properties due to high Tg and maintain their mechanical properties on hydration. The high
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barrier for fuel cross-over make hydrocarbon PEMs suitable for PEMFC as well as
DMFC application. This hydrocarbon material property relation to the structure could be
best explained by the schematic shown in Figure I-6 which compares the microstructures
of Nafion® and sulfonated poly(ether ketone) (sPEK), as proposed by Kreuer. The sPEK
has narrower water filled channels, which are less separated and more branched with
more dead-end pockets, compared to that of Nafion®. The hydrocarbon PEMs, in general,
show decrease in diffusion coefficient of water and/or methanol due to resulting
microstructure, as discussed. These are promising candidates due to their low cost and
monomer availability. It is possible to design controlled polymer structures with desired
properties using various available monomers.

Figure I-6. Schematic illustration of the microstructures of Nafion® and a sulfonated
poly(ether ketone).
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The poly(cyclohexadiene) (PCHD) is one such hydrocarbon material of our
interest due to its ring-like structure which imparts superior mechanical and thermal
properties, and due to the fact that PCHD can be readily be incorporated into range of
homopolymer and copolymer structures.78,79 Furthermore, PCHD can be aromatized,
sulfonated, or fluorinated, allowing for tuning of key performance properties such as
conductivity, hydrophilicity, permeability, morphology, thermal stability, crystallinity,
and cost. The basic building block, 1,3-cyclohexadiene, is a readily available, cheap
hydrocarbon monomer. The PCHD homopolymer, copolymer and blends used in these
studies were synthesized and supplied by Prof. Jimmy Mays research group at the
University of Tennessee, Knoxville (TN).
Most of the hydrocarbon based PEMs use water as a proton solvent. The proton
transport takes place via the vehicle80 or Grotthuss mechanism81 or the combination of
both. The vehicle mechanism involves translation of species such as H3O+ bonded to
vehicle such as H2O, NH3 etc. Hydrogen bonding is not necessary for this mechanism
while it is the requirement for the Grotthuss mechanism to take place. In the Grotthuss
mechanism, proton transport takes place across hydrogen bonds between two species that
are also undergoing rotational motions. The hydrocarbon PEMs rely on water for proton
conduction which will affect conductivity above 100 °C due to rapid evaporation of
water. The solvent causes excessive swelling in membrane. To avoid the issued related to
water containing PEM systems, membranes based on acid-base complex have been
developed. These PEM systems designed to have proton transport mainly though Hbonded network i.e. Grotthuss mechanism. At present, acid doped poly(benzimidazole)
(PBI) are the only membranes which look promising for use in MEAs operating at high T
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and low RH or even no-humidification conditions.82,83 In these systems, water is replaced
by high boiling point phosphoric acid (H3PO4) which can form 3-D hydrogen bonding
network which contribute towards good proton conduction.
Poly (2,5-benzimidazole) (ABPBI) is another promising membrane, when doped
with acid, for fuel cell applications.84-88 It is not commercially available and has a
chemical structure similar to that of PBI, but without the connecting phenyl group.
Researchers at Case Western Reserve University (CWRU) have extensively studied acid
doped PBI and ABPBI membranes as an electrolyte for high temperature PEMFCs.89-95
These H3PO4 doped materials exhibit good proton conductivity, low methanol
permeability, almost zero water electro-osmotic drag coefficient for water and methanol,
excellent oxidative and thermal stability and good mechanical flexibility at elevated
temperature.
The ABPBI materials used in these studies were synthesized and provided by
Prof. Morton Litt at CWRU. The instrument- in situ annealing of undoped ABPBI
membranes, as a PEM precursor material, was studied using broadband dielectric
spectroscopy (BDS). We further extended these studies using BDS to undoped and acid
doped PBI membranes in order to explore the parameters than quantify the nature of
relaxation and charge conductivity. The PBI films were cast using 26 wt% solution of
PBI purchased from PBI Performance Products, Inc.
Rationale of Research
Nafion® suffers from low conductivity at high temperature (due to low humidity)
in PEMFCs and high methanol crossover in DMFCs. Critical issues need to be resolved
for commercialization of PFSA membranes such as water management, CO poisoning,

16
hydrogen, reformate and methanol as fuels, cooling and heat recovery. These problems
limit operation temperature of fuel cells ~80 °C. However, when the temperature is above
100 °C, electrochemical kinetics and CO tolerance improves and reduces problems
associated with water management. So, development of new economical hydrocarbon
membranes and modification of existing PFSA membranes for high temperature fuel
cells is a challenge. The fundamental issues are optimal proton and water transport,
mechanical and thermal properties and chemical durability.
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CHAPTER II
FUEL CELL PERFORMANCE OF NAFION®/SILICATE MEMBRANES WITH
DIFFERENT COMPOSITION PROFILES GENERATED VIA IN SITU SOL-GEL
REACTIONS
Abstract
Nafion®/silicate membranes were formulated via three routes involving in situ
sol-gel reactions for tetraethylorthosilicate (TEOS): (1) Reactions between TEOS and
water, both of which permeate from the same bulk solution on both sides; (2) the same,
but for TEOS and water permeating only one membrane side; (3) 2-sided permeation, but
with only TEOS entering one side and only water from the opposite side. Silicate
composition profiles across the membrane thickness direction were investigated by
EDAX/ESEM. Water uptakes and proton conductivities of composites were comparable
with those for Nafion® membranes. Fuel cell performance of the composite prepared by
scheme 3 was comparable with that of Nafion® while performances of the others were
slightly inferior. Tafel analysis showed that having more silicate at an electrolyte |
electrode interface renders electrode kinetics sluggish but are facile if there is less or no
silicate at the interfaces. Linear sweep voltammetry and open circuit voltage testing
showed that the composite prepared by scheme 2 had greatest reduced fuel crossover
among all composite membranes. Mechanical durability experiments showed all
composites to be superior to Nafion®. Silicate incorporation helped reduce chemical and
mechanical degradation and improved gas barrier properties without compromising fuel
cell performance.
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Introduction
Polymer electrolyte membrane fuel cells (PEMFCs) have been extensively
researched and developed over the past three decades, essentially as power sources not
using petroleum products and because they are environmentally benign.1 PEMFCs that
use hydrogen as a fuel are mainly considered in terms of automotive, stationary and
portable applications. Required membrane properties for fuel cells include high proton
conductivity, excellent gas barrier properties, physical and chemical durability at
operating temperatures, low cost and ease of synthesis. While having problems, Nafion®
remains the benchmark PEM against which other membranes are compared. These
problems include high cost, dehydration at temperatures approaching and above 100 °C,
and physical (mechanical) degradation that leads to high fuel crossover and then chemical
degradation.
Poor physical-chemical durability causes significant losses in fuel cell efficiency
and operating lifetime. Inside the cell a membrane swells/shrinks with relative humidity
(RH) increase/decrease. Cyclic compressive and contractile stresses eventually lead to
craze and pinhole formation in local mechanically weak regions. This, in turn, generates
pathways for H2 and O2 gas crossover and attack of radicals issuing from the
decomposition of generated peroxide.2-5 The macroscopic properties of Young’s
modulus, yield strength and strain-at-break for Nafion® are reduced under hydrated
conditions.6 Open circuit voltage (OCV) tests are carried out in fuel cells at high
temperature and low RH conditions which accelerate degradation. In addition to having
high proton conductivity, it is necessary to eliminate or reduce membrane fuel crossover
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without affecting fuel cell performance. The experiments described here address this
issue.
Reinforcement of Nafion® by intimately incorporated nanoscopic particles will in
principle reduce fuel crossover by limiting swelling through strong interfacial interactions
and by introducing obstacles that increase gas transport tortuosity. To be sure, dispersed
particles can also introduce charge migration tortuosity that might reduce proton
conductivity. Thus, performance optimization becomes a trade-off between high
conductivity and good membrane durability.
The quasi-ordered clustered morphology of Nafion® can act as a template for insitu sol-gel reactions in that inorganic oxide nanoparticles initiate and grow in the polar
clusters.7 Mauritz et al. reported on Nafion®/silicate nanocomposites synthesized by in
situ sol-gel reactions of tetraethylorthosilicate (TEOS).8-10 The most common approach is
to add TEOS in methanol solution directly to a membrane which was pre-swollen by
immersing it in a methanol-DI water mixture for some time. In these studies, the silicon
oxide concentration across the film thickness direction, observed by environmental
scanning microscopy (ESEM), was seen to greater near the surface than in the middle for
relatively thick membranes so that U-shaped composition profiles were generated.11,12
The high silicate concentration near the surface was attributed to a high TEOS overall
sol-gel reaction rate compared to the slower rate of inward diffusion of hydrolyzed TEOS
which becomes progressively more difficult due to obstacles posed by already
precipitated inorganic structures in the near-surface regions.
In fuel cell operation, the oxidation/reduction kinetics at membrane-electrode
interfaces is important. Higher silicon oxide concentrations in near-surface regions may
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interfere with electrode kinetics so that it would be best to incorporate more silicate in the
middle and less in the near-surface regions. Baradie et al. showed that it is possible to
have more silicate in the middle of membrane than near the edges by having TEOS and
DI water separately permeate from opposite sides of the membrane in a two-compartment
cell.13 In this way, a membrane-electrode interface would be essentially the same as that
for an unmodified membrane after membrane electrode assembly (MEA) formation.
Thus, electrochemical reaction kinetics at the anode and cathode of MEAs during fuel
cell operation will not be altered, or at least held to minimal levels.
Of the two electrodes, the cathode dominates in activation polarization in
PEMFCs because the oxygen reduction reaction on the Pt surface is sluggish compared to
the more facile hydrogen oxidation reaction taking place at the anode. Generating
asymmetric Si compositional profiles in membranes with more silicate on the side facing
the anode and less or no silicate on the side facing the cathode would not hamper the
cathode-dominated electrode kinetics. The preparation of asymmetric Nafion®/silicate
hybrid membranes via in-situ sol-gel reaction for TEOS has been previously reported.14,15
In this report the creation of Nafion®/silicate membranes with different silicate
composition gradients across the thickness direction and the results of the fuel cell testing
of these membranes are described. While it is understood that silicate cannot withstand
the attack of peroxide and strong acids, these materials are easily synthesized and
considered to serve as model inorganic oxide model structures that will provide direction
in membrane tailoring through the synthesis of more durable metal oxides, in particular,
titanates.
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Experimental
Materials
TEOS was used as received from Gelest, Inc. Nafion® 112 (N 112) membranes
received from E. I. DuPont Co. were cleaned using a procedure explained below.
Composite Membrane Preparation
Nafion® 112 membranes were cleaned by boiling in 8M nitric acid for 2 h
followed by boiling in de-ionized water twice for 2 h to leach out excess acid. The
membranes were then dried at 80 °C under vacuum for 24 h. All membranes were
initialized in this way to ensure sample reproducibility. Membrane in situ sol-gel
reactions were carried out using TEOS as the silicate precursor monomer. The
membranes were modified using three different approaches as illustrated in Figure II-1.

Figure II-1. Experimental configuration for the silicate sol-gel modification of Nafion®
by (A) 2-sided TEOS permeation from a bulk solution; (B) simultaneous TEOSwater –
permeation from opposite membrane sides and (C) 1-sided TEOS permeation.
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Figure II-1(continued).

In the first scheme as shown in Figure II-1 (A), the membrane was swollen in a
methanol/water solution for 5h. In a separate jar, a TEOS/methanol mixture was
prepared, stirred well and added immediately to the previous solution. 8.21 mol% of
TEOS was added to make a H2O:TEOS ratio of 4:1 mol/mol. Then, the membranes were
removed after 20 min and surface washed with methanol to remove any silicate deposited
on the surface. The membrane was then dried in a vacuum oven at 80 °C for 24 h.
In the second scheme, the membranes were gasketed between two compartments
in a cell composed of Teflon® as shown in Figure II-1 (B). The membrane separates the
two solutions in the compartments and the assembly was clamped together. An 11.3 cm2
membrane surface area was exposed to a solution which was continuously stirred to
ensure uniform mixing. Prior to sol-gel modification, membrane was swollen in 2propanol for 2 h. TEOS (25 ml) in 2-propanol (25 ml) was added in one compartment and
a DI water (9 ml) + 2-propanol (48 ml) with nitric acid (1 ml) was added to the other
compartment. Permeation starts from these separated solutions simultaneously and
reactions mainly occur in the middle of the membrane as TEOS molecules are intercepted
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by water molecules. The membrane modified in this way was removed after 10 min
reaction time and was soaked in 2-propanol for 5 min to remove any un-reacted TEOS
deposited on the surface, and was then further dried in a vacuum oven at 80 °C for 24 h.
The third scheme shown in Figure II-1 (C) involves generating asymmetric
hybrid membranes as in previous similar work.14,15 Here, the membrane was sealed to
one opening of a glass jar such that there is only one compartment. A methanol-water
mixture was added from a hole on the other side of the jar and the membrane was
allowed to swell for 30 min. A 10 mol% TEOS solution was added and the reaction
continued for 5 min. A membrane surface area of 11.3 cm2 was exposed to this solution
and the jar was agitated several times during the course of the experiment to facilitate
mixing. Finally, the membrane was removed and surface-rinsed with methanol followed
by drying in a vacuum oven at 80 °C for 24 h.
Composite Membrane Characterization
Silicon oxide weight uptake. The difference in the weight of the dried membrane
after nitric acid/water cleaning and subsequent sol-gel treatment was considered as the
silicate weight uptake.
Silicon oxide concentration profiles across the film thickness direction. Silicon
oxide composition profiles across membrane cross sections were determined using a
JEOL environmental scanning electron microscope (ESEM) using the x-ray energy
dispersive microprobe attachment (EDAX). Sol-gel modified membranes were freeze
fractured in liquid N2 to expose smooth, fresh cross sectional areas which were probed
point-by-point along the thickness direction. The intensity of the sulfur (S) line was used

33
as an internal concentration standard, being a measure of SO3¯ group density. Si/S ratios
then represent the local concentration of silicon oxide relative to ion exchange groups.
Thermal analysis. Thermal degradation stability, under nitrogen, of Nafion
control and composite membranes was analyzed using a TA Q50 Thermogravimetric
Analyzer. Samples were heated from room temperature to 800 °C at the heating rate of
10 °C/min.
Water vapor uptake. The amount of membrane water vapor sorption vs. external
relative humidity (RH) profiles were determined at 80 °C, a common fuel cell operating
temperature, by using a Q5000SA TA instrument. De-sorption isotherms were
determined for by hanging samples in a weighing balance (accuracy ≤ ±0.1%) placed in a
temperature and humidity controlled chamber. Isothermal water content vs. RH curves
was generated while decreasing RH from 90% to 0% in steps of 10%.
Conductivity. Membrane proton conductivity vs. RH at 80 °C was determined
using a BekkTech (BT-512) conductivity test system. The conductivity was recorded
with RH increasing from 20 to 100% RH. For composites prepared by scheme (B) and
(C) shown in Figure II-1, the TEOS permeated side of the membrane is the contact
surface for the four point probe in-plane conductivity measurements.
Mechanical properties. Membrane mechanical tensile properties at 80 °C and
100% RH were evaluated using an MTS Alliance RT/10 tensile apparatus equipped with
a 100 N load cell. A custom designed environmental chamber and sparger were built to
control chamber temperature and humidity. 18 mm – wide samples were used for all
tensile experiments.
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Membrane electrode assemblies (MEAs). MEAs were prepared using Pt/C
catalyst for both anode and cathode electrodes. Catalyst ink was prepared by mixing 30%
HP Pt on Vulcan XC-72 (BASF Fuel Cells) with a 5 wt % Nafion® solution in a
homogenizer for 10 min. Nafion® solutions were prepared by mixing films with a 1:1
ethanol-water mixture, by volume, in a high pressure reactor. The Nafion® content in the
electrode was targeted to be 30% by weight. MEAs were prepared by directly spraying
successive layers of catalyst ink onto either side of a membrane. An IR lamp was used to
dry the MEA before application of each successive layer. A Teflon® mask was used to
maintain a 5 cm2 MEA active area during catalyst spraying. After spraying, the MEA
was hot pressed under 25 atm pressure at 110 °C for 10 min. The overall Pt loading of
each electrode was gravimetrically estimated to be (0.42 ± 0.03) mg/cm2. MEAs were
assembled in 5 cm2 fuel cell hardware containing serpentine flow fields (Fuel Cell
Technologies Inc.). Two 275 µm thick Toray carbon papers (TGPH-090) were used as
gas diffusion layers in the assembly that was sealed using two 225 µm thick Teflon
gaskets and torque of 4.5 N-m was applied on all bolts of the assembly. All MEAs were
tested using a Scribner Associates Inc. model 850e fuel cell test station.
Linear sweep voltammetry (LSV) measurements were done at 35 °C for each
MEA to check for electronic shorting and to evaluate hydrogen crossover from anode to
cathode. LSV experiments were performed with a Solartron 1286 electrochemical
interface. Saturated hydrogen and nitrogen were passed at anode (counter/reference
electrode) and cathode (working electrode) respectively at 35 °C with flow rates of 0.2
cc/min. The working electrode potential was swept from 0 to 0.8 V at 0.5 mV/s and
current due to oxidation of crossover hydrogen at the cathode was recorded. The limiting
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current density obtained from voltammograms is proportional to H2 crossover. Faraday’s
law was used to calculate hydrogen crossover flux.
MEA performance was evaluated by generating voltage vs. current density curves
in fuel cells at 80 °C and 75% inlet RH. At the anode, pure H2 was used as fuel and at
the cathode, pure O2 was used as the oxidant. The reactant flow rates were set at four
times the stoichiometric requirement for both gases. During the course of the experiment
the test station was programmed to auto adjust flow rates for each current density. The
two separate scan current experiments were performed to generate polarization curves for
Tafel analysis for the full MEA performance curve. The current was scanned for Tafel
analysis from 0.0 to 0.5 A in 0.05 A increments and for full performance from 0 A to the
time when the cell voltage dropped below 0.2 V with 0.5 A increments. For each current
density, the cell voltage was recorded after 2 min hold times. Before obtaining
polarization curves, the membranes were conditioned for 6 h at 0.55 V.
The accelerated degradation test was performed to test membrane durability and
fuel crossover. MEAs were tested under open circuit voltage (OCV) conditions at 90 C
and 30% RH. At the cathode, O2 was used as oxidant and at the anode H2 was used as
the fuel with gas flow maintained at the rate of 0.2 cc/min. The test was performed for 48
h for all MEAs.
Results and Discussions
Silicate weight uptake for the composite membrane used for all tests was
gravimetrically measured to be (12.5 ± 0.3) %. The Nafion® control sample lost 2% of
its initial weight, likely due to low molecular weight fragments having leached out in
alcohol solution during membrane swelling.
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Figure II-2 (A) is a Si/S element ratio concentration profile, obtained using EDS,
for the composite prepared by bulk permeation of TEOS. It was earlier shown how
symmetric U-shaped profiles can be obtained for thicker membranes (Nafion® 115, 117
etc.),8,12 but here, save for the errant point to the far right, Si is somewhat uniformly
distributed across the cross section because hydrolyzed TEOS molecules do not require
as much time to permeate to the middle of these thinner samples.
The composition profile obtained for the composite prepared according to scheme
2 is displayed in Figure II-2 (B). As both TEOS and H2O initiate permeation at the same
time from opposite membrane surfaces, they should meet somewhere in the middle where
the number of sol-gel reactions should be greatest, whereas silicate concentration towards
the water permeated side and water content towards the TEOS permeated side are
expected to be minimal. Moreover, once condensation polymerization begins, diffusion
of TEOS in the water permeated half and water diffusion in the TEOS permeated half is
hindered by already-built, in-place silicate structures. In this way, the greatest
concentration of silicate concentration is in the middle of the membrane. This is the case
in Figure II-2 (B) with the distribution being skewed toward the TEOS permeated side,
which is reasonable.
It should be noted that Baradie et al. were able to generate more symmetric
silicate composition profiles because they used thicker Nafion® membranes.13
The composite prepared by scheme 3 has the greatest silicate concentration
towards the TEOS - permeated side as shown in Figure II-2 (C). Again, the earliest solgel reactions take place in the near-surface region that contacts the TEOS solution
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growing structures that pose obstacles for further TEOS diffusion, thereby generating the
asymmetric Si/S composition profile.
While there are slight variances at different sampled locations on the surfaces,
these results are typical and the composition trends are the same.

Figure II-2. Si/S X-ray intensity ratio profile, across the membrane thickness direction,
by EDS, for Nafion®/silicate composites prepared by (A) bulk TEOS permeation from
solution, (B) simultaneous TEOS – water permeation from opposite membrane sides and
(C) TEOS permeation across just one membrane surface.
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Figure II-2 (continued).

Thermal gravimetric analysis was used to determine membrane degradation
temperature and fraction of silicate residue in the membrane after total organic
degradation. Figure II- 3 shows TGA scans for unmodified Nafion® and the composite
prepared by scheme 1. To evaluate silicate fraction on a dry membrane basis the initial
weight was taken as the weight at 120 °C, at which temperature the membrane was
mostly dehydrated but before degradation commenced. The TGA results for composites
prepared by schemes 2 and 3 are not shown as their curves are very similar to that Figure
II-3. As reported earlier,9,16-18 the initial weight loss for Nafion up to 250 °C is caused
by residual water loss. It can be seen that the composite water uptake is slightly lower
than that of unmodified Nafion®. The next mass loss event for Nafion® occurs across the
range 250-425 °C which is circled in Figure II-3. Based on earlier similar studies, this
loss is thought to involve loss of sulfonic acid groups as given evidence by the evolution
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of sulfur dioxide.19 This degradation event is characterized by an inflection temperature
at about 250 °C for unmodified Nafion® and shifts to higher temperature for silicate
modified Nafion®. For the composite shown in Figure II-3 the temperature considerably
increased to 300 °C. Thus, incorporation of silicate structures improves the thermal
stability of Nafion® which may increase the membrane durability during fuel cell
operation. The final major weight loss for Nafion® occurs in the range 400-550 °C as
caused by a side chain degradation shoulder followed by main chain degradation. At 800
°C, residual weight percentages for the composite was 2.30 wt% which has
gravimetrically measured silicate loadings of ~ 12.50 wt%.

Figure II-3. TGA scans for unmodified Nafion® and a composite prepared by bulk
solution permeation (scheme 1).

Water vapor pressure isotherms at 80 °C for Nafion® and the Nafion®/silicate
composites are shown in Figure II-4. Percent water uptake and number of water
molecules per sulfonic acid group, λ, increase with increasing RH in the same way for all
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cases. It might be expected that at a given RH the equilibrium water uptake would be
reduced due to the filling of the free volume in the polar clusters with silicate particles.
However, all composites have water uptakes close to that of pure Nafion® whose curve is
only slightly above the rest. Perhaps this is due to considerable hydration of the SiOH
groups that are always seen in great quantity on the surfaces of silicate particles generated
by sol-gel means.9,13,18,20,21

Figure II-4. Water vapor pressure isotherms for Nafion® and indicated Nafion®/silicate
membranes at 80 °C.

Water uptake and proton conductivity should be directly correlated. Proton
conductivities for the Nafion®/silicate membranes at a given RH are rather close and the
curves lie only slightly lower than that of pure Nafion® as seen in Figure II-5. The slight
decrease in conductivity is attributed to the slightly lower water uptake seen in Figure II4 as well as to increased proton migration tortuosity posed by the dispersed silicate
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particles.22 Perhaps it is the competition between the hygroscopic nature of silicate
particles and proton transport tortuosity that causes the composite membranes to have
water uptakes and conductivities to be close to those of unmodified Nafion®.

Figure II-5. In-plane proton conductivity vs. RH for Nafion® and Nafion®/silicate
composite membranes at 80 °C with RH values increasing from 20% to 100%.
Essential features of the deterioration of mechanical properties of constrained
membranes in fuel cells that experience humidity changes were modeled in a simple
experiment. Samples were clamped in an environmental chamber and conditioned for 2 h
by purging with a nitrogen stream with 100% RH at 80 °C, during which time the
membrane increases its length. After conditioning, the cross-head position was slowly
adjusted to the extended swollen length until a slight tension of 0.1 N was recorded by
the load cell. The crosshead was then locked at this position and the 100% humidified
nitrogen stream was then switched to a dry nitrogen stream (0% RH). The temperature
and flow rate for dry and humidified nitrogen streams was maintained constant at 80 °C
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and 300 cc/min. The membrane commenced drying due to this RH drop and attempted to
shrink except that its length was constrained while contractile force was exerted on the
clamps and monitored for 2 h during the period of dry nitrogen stream flow.
The contractile stresses developed for Nafion® and Nafion®/silicate composites
vs. time of dehydration are shown in Figure II-6. At the end of the 2h test the stress
generated by unmodified Nafion® was only 1 MPa while resistive stresses for the
composite membranes were 4-5 times greater. While having a series of small stress rises
and drops, and not having the lowest stress at short times, the curve for unmodified
Nafion® does not reflect a material that offers much resistance to the progressive
dehydration as there is no pronounced upward curve motion but a downward trend at the
end that reflects yield. It is concluded that for the composites, all incorporated silicate
structures offered reinforcement. It was previously discussed that the series of peaks on
such curves are not due to measurement error, but to a sequence of non-catastrophic
crazes initiated at mechanically weak regions.23 Each spike on the curve is an event
initiated by yielding, most likely by chain slippage through entanglements and craze
formation with fiber-like structures spanning the craze. Evidently, the inorganic particles
resist this process through strong particle-polymer interactions or perhaps by side chains
being trapped in silicate structures during the sol-gel particle growth. These damage
zones were observed in ESEM studies performed after this test of similar
Nafion/titanate composite membranes.
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Figure II-6. Contractile stress vs. time response to RH drop from 100 to 0% at 80 °C for
Nafion® and Nafion®/silicate membranes having constrained lengths.

Perhaps the stress-time profiles for composite membranes prepared by schemes 1
and 2 are somewhat similar because they have uniform, symmetric silicate composition
profiles. On the other hand, the membrane with asymmetric silicate composition (scheme
3) displays a stress-time curve that is higher than those of other two composites over
most of the experimental time period, perhaps because one of the membrane sides has an
inordinately large concentration of silicate structures that increases the load bearing
capacity.
The results of LSV experiments performed on MEAs are shown in Figure II-7.
The current measured is directly related to hydrogen crossover. Hydrogen crossover
current density for all MEAs was below 2.5 mA/cm2 which clearly indicates an absence
of pin-holes and internal shorting. Faraday’s law was applied to determine the limiting
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hydrogen crossover flux (JH2) at 35 °C. This test is important because fuel crossover
degrades cell performance and decreases fuel efficiency.24-26 All composite MEAs
showed lower fuel crossover flux than that of unmodified Nafion® which is 12.5 x 10-9
mol/s/cm2. The least fuel loss due to crossover, for the MEA prepared according to
scheme 3, was JH2 = 8.3 x 10-9 mole/s/cm2. It might be imagined that silicate
nanoparticles increase diffusion tortuosity for fuel gas molecules so as to reduce
crossover rate. These improvements in fuel efficiency in silicate modified membranes,
while small, are significant considering long time fuel cell operation (~ 10,000 - 40,000
h). Loss associated with fuel crossover has a significant effect on the open circuit voltage
of the cell, as well.

Figure II-7. LSV measurements reflecting fuel crossover through Nafion® and
Nafion®/silicate membranes at 35 °C.
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The overvoltage,η, associated with electrode reaction kinetics is related to the
current density i by the Tafel equation η = a - b log i where b is the Tafel slope. η is the
amount of activation polarization needed to achieve a given reaction rate. The smaller the
Tafel slope the better is the cell performance. The value of b is obtained from the slope
of a linear η vs. log i plot.
η vs. log i data obtained using a potentiostat for all MEAs at 80 °C in the low
current density regime are shown in Figure II-8. Cell voltage is corrected for membrane
resistance. b values were taken as the slopes of these lines. Among all the MEAs, the
composite prepared by scheme 2, having more silicate at middle of the membrane than at
the edges, has the lowest value of b = 82 mV per decade of current density which is close
to the value for pure Nafion® (84 mV/decade). This is reasonable because the highest
concentration of silicate is away from the membraneelectrode interface so that the
surface is more similar to that of unmodified Nafion®. This, in turn, renders electrode
kinetics more facile and reduces the overvoltage. The composite membrane prepared by
bulk diffusion and by one side permeation of hydrolyzed TEOS has more silicate near the
surfaces than in the middle of the membrane. Consequently, the Tafel slopes for these
composite MEAs are higher at 98 and 99 mV/decade respectively. In these cases the
greater concentration of silicate near the surfaces renders the electrode kinetics slower as
reactants have reduced diffusivity which increases the kinetic activation voltage during
the initial part of the fuel cell polarization curve.
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Figure II-8. Tafel plots for Nafion® and Nafion®/silicate MEAs obtained by linear
regression of iR - corrected voltage vs. log i data at 80 °C and 75% RH.
It should be pointed out that a single equation was applied to the overall electrode
kinetics that includes both cathode and anode and the contributions of each separately
have not been determined. However, for PEM fuel cells activation polarization is
dominated by cathode kinetics because the oxygen reduction reaction on Pt is sluggish
compared to the relatively facile H2 oxidation reaction occurring on Pt on the anode side.
Figure II-9 shows fuel cell polarization curves for the Nafion® control and
Nafion®/silicate membranes at 80 °C and 75% RH. The legend for performance curves
gives open circuit voltage (OCV) at no load in parentheses. The performance of
composites prepared by scheme 2 is somewhat better than that of the Nafion® control at
high current densities because of reduced fuel cross-over and better electrode kinetics.
The ESEM/EDAX - based Si concentration for this composite shows more silicate in the
middle of the membrane than at the edges, which allows for good electrode kinetics and
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proton transport across the membrane-electrode interface as discussed earlier. The
composite prepared by scheme 3 has more silicate towards the side facing the anode. As
there is less silicate towards the cathode side, the already sluggish electrode kinetics in
this region are not hampered further so that the performance is comparable to that of
unmodified Nafion®. On the other hand, if the side having greater silicate concentration
faces the cathode, the performance is reduced significantly (data not shown). The
composite prepared by bulk diffusion of hydrolyzed TEOS according to scheme 1 has
inferior performance amongst all membranes. The membrane in this case has more
silicate in the near-surface regions compared to the other composites. Thus, electrode
kinetics and proton transport is diminished thereby reducing membrane performance. The
MEA prepared by one side TEOS permeation, that has a greater concentration of silicate
side facing the anode, has the highest OCV (0.999 V) owing to reduced fuel crossover, as
seen in Figure II-7. Among all the MEAs, the one using pure Nafion® has the lowest
OCV (0.993 V) due to having the highest fuel crossover. All composites showed slightly
higher OCV values than unmodified Nafion®. Thus, it would seem that incorporation of
such silicate nanostructures increases the tortuosity of fuel gas molecule pathways
reducing fuel efficiency due to fuel crossover.
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Figure II-9. Fuel cell voltage and membrane resistance (bottom curves) vs. current
density for Nafion® and Nafion®/silicate membranes at 80 °C and 75% RH. The legend
gives open circuit voltage values in parentheses.

OCV vs. time curves for Nafion® and Nafion®/silicate composite MEAs measured
over a period of 48 h are shown in Figure II-10. Among all MEAs, the composite
prepared by scheme 3 has least voltage loss which is attributed to this membrane being a
better gas barrier. Incorporation of the silicate network reduced fuel crossover, which is
also confirmed by the LSV results shown in Figure II-7, and thus minimized voltage loss.
The same composite showed highest OCV at no load on polarization curves shown in
Figure II-9. The other two silicate modified Nafion® MEAs show greater voltage drops
and the curves lie below that of unmodified Nafion® up to around 30 h, marked by dotted
line in Figure II-10. After ∼ 30 h the curves for the composites begin to level while for
unmodified Nafion® the OCV decay continues even after 48 h degradation. The latter
situation may be due to the poor gas barrier properties for unmodified Nafion® seen in the
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LSV experiments and on the polarization curve having lowest OCV when no current is
flowing. This accelerated degradation test should be carried out longer to see the effects
of Nafion® inorganic modification more clearly. Nonetheless, these initial studies suggest
that incorporation of inorganic quasi-ordered network structures can enhance PEM gas
barrier properties by minimizing voltage loss associated with fuel crossover without
compromising proton conductivity.

Figure II-10. OCV vs. time curves for Nafion® and Nafion®/silicate composite
membranes at 90 °C and 30% RH.

Conclusions
Nafion®/silicate hybrid membranes with different silicate distributions were
formulated via three routes involving polymer - in situ sol-gel reactions for TEOS: (1)
Reactions between TEOS and water, both of which permeate both sides of the membrane
from the same bulk methanol solution; (2) the same, but for TEOS and water permeating
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only one membrane side from methanol solutions; (3) 2-sided permeation, but with
TEOS entering only one side and only water entering from the opposite side, both being
in 2-propanol solutions.
Silicate composition profiles across the membrane thickness direction were
investigated by EDAX/ESEM. The profiles are approximately uniform for (1), are
asymmetric for (2) and have a maximum in the middle for (3).
Water vapor uptakes and proton conductivities of these composites were
comparable to those for Nafion® and it is suggested this is due to that competition
between the hygroscopic nature of incorporated silicate particles and added proton
transport tortuosity.
Mechanical contractile stress vs. time profiles for constrained length, hydrated
membranes that were then dried, show that all incorporated silicate structures offer
reinforcement that can be related to stresses developed in MEAs during RH cycling in
fuel cell operation.
Fuel cell performance of the composite prepared by scheme 3 was comparable
with that of Nafion® while performances of the other composites were slightly inferior.
Tafel analysis showed that having more silicate at electrolyte-electrode interfaces renders
electrode kinetics sluggish, but facile if there is less or no silicate at the interfaces. Linear
sweep voltammetry and OCV testing showed that the composite prepared by scheme 2
had fuel crossover reduced to the greatest degree.
In short, silicate incorporated in this fashion reduces chemical and mechanical
degradation and improves gas barrier properties without compromising fuel cell
performance.
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CHAPTER III
POLY(CYCLOHEXADIENE)-BASED MEMBRANES FOR FUEL CELL
APPLICATIONS
Introduction
Fuel cells have attracted considerable interest as one of the most promising clean
energy systems in the 21st century because of their high efficiency and low pollution
levels.1 Polymer electrolyte membrane fuel cells (PEMFCs) operate typically at moderate
temperatures (60–80 °C) and have the potential to efficiently generate high power
densities making them the most attractive for use in vehicles.2 As a result of the high
interest in fuel cell vehicles and hydrogen as a fuel, the investment in PEMFCs over the
past decade has surpassed all other types of fuel cells combined.3 As the key component
in a PEMFC, a proton exchange membrane (PEM) must meet criteria such as high proton
conductivity, good mechanical properties in both dry and hydrated states, oxidative and
hydrolytic stability, low cost, and capability of fabrication into membrane electrode
assemblies (MEA). Currently, PEMFCs utilize perfluorosulfonic acid (PFSA) membranes
such as Nafion® (E.I. DuPont) which possess high proton conductivity even at low ion
exchange capacity (IEC) and the conductivity is directly related to the amount of water in
the membrane. Also, the membrane conductivity increases to a point as the fuel cell
operation temperature increases.4 But, at temperatures, above 100°C Nafion® loses water
and a significant drop in conductivity is observed lowering fuel cell performance.5,6
Moreover, PFSA membranes have low glass transition temperatures < 100 °C that lead to
mechanical failure (pinhole formation, thinning). Apart from poor high temperature
mechanical properties, Nafion® has other drawbacks which include poor water
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management, high rates of methanol cross-over (in direct methanol fuel cells) and high
cost which has limits its application.7-10 To prevent water in Nafion® from evaporating at
high temperatures, the fuel cell needs to be operated under pressure which adds to the
complexity and cost of PEMFC technology. On the other hand, operating fuel cells at
higher temperatures (up to 120 °C) and at lower relative humidity is attractive for the
following reasons:11,12 (a) system complexity is reduced by limiting or eliminating the
need to supply excess water to the cell; (b) simplification of the cooling system; (c)
improved tolerance of electrodes to carbon monoxide; (d) possible use of co-generated
heat; (e) increased proton conductivity; (f) less amount of catalyst needed due to
increased catalytic activity that occurs at higher temperature. Hence, great efforts have
been devoted to identify high temperature operable membranes with non-fluorinated
materials, better environmental impact and lower production costs.13,14 Specifically, for
automotive applications the U.S. Department of Energy (DOE) established a 2010 target
of 0.1 S/cm at 120 °C and 50% relative humidity (RH) for membrane conductivity.
One of the most promising alternatives to high temperature PEMFCs is
hydrocarbon-based materials having high glass transition temperatures. Most research
efforts in this field have focused on aromatic polymers because they are chemically and
thermally stable. Although some aliphatic polymers such as poly(ethylene oxide) (PEO)15
and poly(ethylene imine) (PEI)16 are used in acid-base polymer complexes, there is no
report of sulfonated aliphatic polymers used alone for fuel cell membranes. The main
drawback of aliphatic hydrogens is that they are easily susceptible to attack by peroxy
and hydroperoxy radicals generated during fuel cell operation.17
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Here, we report the first aliphatic polymer electrolyte membranes based on
poly(1,3-cyclohexadiene) (PCHD). While chemical durability is a serious issue, these are
considered as model systems that have number of variables which can be manipulated to
optimize properties. The material is of interest as an alternative PEM material owing the
fact that PCHD can be readily incorporated into a range of homopolymer and copolymer
structures. The double bonds in the ring structure of PCHD can be chemically modified
through a host of reactions including hydrogenation,18 aromatization,19 sulfonation,20 and
even fluorination21 which allows for tuning key performance properties such as proton
transport, hydrophilicity, permeability, mechanical properties, morphology, thermal
stability, crystallinity and cost.
Mays et al. reported that PCHD with the desired microstructure (1,4- vs. 1,2-) and
molecular weight can be synthesized via anionic polymerization.22 PCHD based
membranes were synthesized using a PCS (Polymerization-Crosslinking-Sulfonation)
approach, as shown in Scheme III-1, in Prof. Jimmy Mays research group at the
University of Tennessee. We further characterized these xsPCHD homopolymers,
xsPCHD-PEG block copolymers and blends of xsPCHD with poly(ethylene glycol)
(PEG) materials for high temperature fuel cell application. In this chapter, the synthesis
of PCHD based copolymers and blends are described, in brief, in the experimental
section, while this chapter mainly discusses the characterization of these PEMs.
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Experimental
Preparation of PCHD Homopolymer
Linear PCHD was synthesized according to the procedure previously reported by
Mays et al.22 The monomer, 1,3-cyclohexadiene can undergo both 1,2- and 1,4polymerization. Reaction conditions were carefully controlled so that all synthesized
PCHDs had 1,4-chemical microstructure content > 90%. High 1,4-microstructure content
imparts PCHD a semi-crystalline character and a higher glass transition temperature (Tg >
100 °C) as compared with typical polydienes.23
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Synthesis of PCHD-PEG Block Copolymers
Poly(1,3-cyclohexadiene) and living poly(1,3-cyclohexadiene) with 1,4microstructure content greater than 90% were synthesized according to earlier reports.22
Hydroxyl-terminated poly(1,3-cyclohexadiene) (PCHD-OH) was synthesized by
endcapping living poly(1,3-cyclohexadiene) with ethylene oxide. Bromide-terminated
poly(ethylene glycol) methyl ether (MePEGBr) was synthesized as reported.24
Under argon, 100 mg of NaH (60% dispersion in mineral oil) and 0.2 g of
MePEGBr was added to a solution of PCHD-OH (5.0 g) in THF. The mixture was stirred
overnight at room temperature and poured onto water. The polymer was collected by
filtration, washed with methanol, and dried under vacuum. About 1.6 g of white solid was
obtained as the final product (Yield: ~ 75%).
The Mn of PCHD-OH that was synthesized in these studies is 18,995 g/mol with a
polydispersity index (PDI) of 1.18. The PCHD-OH is then copolymerized with 9.5 wt%
PEG.
Preparation of PCHD and PEG Blend
The polymer blends were prepared by mixing PCHD (Mn = 25,466 g/mol; PDI =
1.53) with 10.1 wt% of MePEG (Mn = 750 g/mol) in toluene.
Preparation of Cross-Linked Membranes (xPCHD)
All membrane solution castings were performed without N2 protection. The molar
ratio of sulfur monochloride (S2Cl2, 99.9%, Aldrich) to double bonds in PCHD varied
from 20% to 50%, unless otherwise stated. The diameter of membrane samples ranged
from 50 to 150 mm and the PCHD used weighed from 0.25 to 0.5 g. In a typical
membrane casting experiment, 0.30 g of S2Cl2 (2.2 mmol) in toluene (3.0 mL) was added
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drop-wise into 0.75 g of linear PCHD (homopolymer), PCHD-PEG (block copolymer) or
a mixture of PCHD and MePEG (blend) in toluene (25.0 mL). After addition, the reaction
mixture was stirred at room temperature for ~1 h, and then poured into a Fisher brand
Low-Form PTFE dish (diameter = 100 mm; capacity = 100 mL). The solvent was slowly
evaporated overnight in a hood. After being immersed in carbon disulfide (CS2, 99.9%,
Aldrich)-hexane solution (5 v%, 20 mL) for about 30 min, the membranes were peeled
off carefully with a spatula, washed twice with hexane, and further dried under vacuum
over the night by keeping samples pressed between desiccator plates. The thickness of
membranes could be easily controlled by varying amount of PCHD or the diameter of
PTFE dish, used for film cast.
Sulfonation of xPCHD to Prepare PEMs (xsPCHD)
All sulfonation experiments were performed under N2 protection to reduce the
interference of moisture. The molar ratio of ClSO3H to double bonds in xPCHD
(calculated as before crosslinking) ranged from 1.4 to 7. In a typical sulfonation
experiment, about 350 mL of anhydrous 1,2-dichloroethane was added onto a crosslinked
membrane xPCHD (~ 0.55 g, 6.2 mmol double bond units) placed above a fritted disc
(diameter = 125 mm; coarse) in a 2000 mL cylindrical reactor. A solution of
chlorosulfonic acid (ClSO3H, 98%, Fluka), (3.00 g, 25.6 mmol, 4.13 molar equivalent) in
1,2-dichloroethane (~ 10 mL) was added drop-wise and the reaction mixture was heated
with refluxing for 2 h. The solution was cooled to room temperature and the membrane
was taken out. The films were then washed with methylene chloride (CH2Cl2, 98%,
Fluka) and further immersed in 1,4-dioxane with 5 wt.% of water for about 30 min.
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Finally, the membrane was dried overnight under vacuum at room temperature while
being pressed between two desiccator plates.
The membrane was sulfonated for ~2 h and then washed with CH2Cl2. The
membrane was hydrolyzed by immersing in THF about 15 min and followed by its
immersion in water for about 1 h. The membrane was washed with an abundance of
water and then dried under vacuum at room temperature by placing it between two
desiccator plates.
Determination of Equilibrium Water Uptake
The amount of membrane water vapor sorption vs. external relative humidity
(RH) was determined at 80 °C, a common fuel cell operating temperature, by using a
Q5000SA TA instrument. De-sorption isotherms were determined by hanging samples in
a weighing balance (accuracy ≤ ±0.1%) that was placed in a temperature and humidity
controlled chamber. Isothermal water content vs. RH curves were generated while
decreasing RH from 90% to 0% in steps of 10%.
Measurement of Proton Conductivity
Membrane in-plane proton conductivity vs. RH at 120 °C was determined using a
BekkTech (BT-512) four-point probe conductivity test system. Here, the sample is not
assembled into an MEA but is in a simple assembly where the membrane is clamped into
the BekkTech conductivity cell. Though this method provides direct and fast
measurement, there are is a question as to whether the conductivity is that of the bulk as it
would be in through-plane testing. The sample dimensions were 4.2.mm in length and
of 5.4 mm in width. Although the conductivity was calculated using these dry
dimensions, it is understood that the membrane will swell upon humidification. The
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samples were held in place by tightening a clamp. The conductivity was recorded while
RH increased from 20 to 100% RH. The membrane was equilibrated in steps at each RH
by holding it constant for 1 h.
Thermal Analysis
Thermal degradation stability of all membranes was analyzed using a
Thermogravimetric Analyzer Q50 (TGA). Sample sizes were under 10 mg and heated
under 25 ml/min of nitrogen from 30 °C to 800 °C at the heating rate of 10 °C/min.
Dynamic Mechanical Analysis (DMA)
DMA experiments were conducted for all PCHD-based membranes using a TA
Q800 system (Tactical Technologies Inc.). Rectangular samples (5.4 x 12 mm) were run
under nitrogen in tensile mode using strain control with an oscillatory amplitude of 20
µm and frequency of 1 Hz. The temperature (T) was increased from – 120 °C to 300 °C
at the rate of 2 °C/min and tan δ vs. T curves determined for the purpose of identifying
polymer relaxations.
Bulk Morphology Studies
Atomic force microscopy (AFM) was performed using a Digital Dimension 3000
Nanoscope IIIa instrument. Tapping/phase mode interrogates morphology on the basis of
local viscoelastic properties, i.e., hard vs. soft regions. A silicon probe with nominal force
constant of 40 N/m and resonance frequency of 275 kHz was used for tapping. Bulk
morphologies of samples, microtomed using a glass knife, were studied on 1 µm x 1 µm
scan size areas at a scan rate of 0.5 Hz. In order to minimize artifacts, all microtomed
sample surfaces were smoothed using a diamond knife prior to acquiring the phase
images. Tapping mode was used to preserve the surface topography of the sample so that
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the results were reproducible. Multiple areas were imaged so that the presented figures
can be said to show representative morphology.
Results and Discussion
Water vapor pressure isotherms at 80 °C for all PCHD-based membranes are
shown in Figure III-1. The water uptakes of all xsPCHD membranes are significantly
higher over the entire range of RH values than those of Nafion® 112. The block
copolymer and blend samples have higher water uptakes with the blend having the
highest. For example, at 50% RH, xsPCHD membranes have 10 to 20 times higher water
uptake than Nafion®. The higher water vapor absorption by the copolymer and blend
samples is due to the hydrophilic PEG component.

Figure III-1. Water vapor pressure isotherms for Nafion® 112, a xsPCHD homopolymer,
xsPCHD-PEG block copolymer and xsPCHD-PEG blend at 80 °C.
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Another, way of presenting this data is to plot the average number of moles of
water molecules per mole of sulfonic acid groups, λ, vs. RH, as shown in Figure III-2.
To do this, the acid group concentration must be known. From this perspective, it is seen
in Figure III-2 that values of λ indicate more water in all xsPCHD membranes over the
range of RH. For example, at 50 % RH, the xsPCHD-PEG copolymer and xsPCHD-PEG
blend hold ~ 5 times the number of water molecules per acid group than Nafion® 112.
Given these large values of λ it would seem that the state of water in the xsPCHD
systems is liquid-like for RH > 20% as there is more than enough water molecules to
form hydration shells around SO3- groups on the average. This is important for PEMs
depending on water-based proton conduction even at low RH.

Figure III-2. λ vs. RH for Nafion® 112, xsPCHD homopolymer, xsPCHD-PEG block
copolymer and a xsPCHD-PEG blend at 80 °C.

65
Proton conductivity vs. RH curves for Nafion® and all xsPCHD-based membranes
are shown in Figure III-3. The conductivity of all xsPCHD based membranes is
significantly higher than that of Nafion® 112. The conductivity of all xsPCHD based
samples at 120 °C for high (80%) and medium (50%) RH values are reported in Table II1. At RH = 50 % the conductivities of the block copolymer and blend are, respectively, 4
and 5 times higher than that of Nafion® 112. Both samples passed the DOE target, as
indicated on Figure iII-3, which consists of proton conductivity being > 0.1 S/cm at 50 %
RH and 120 °C. The higher conductivity is obviously due to the higher water uptake by
the PCHD- based copolymer and blend as seen in Figure III-1 and Figure III-2.

Figure III-3. Proton conductivity vs. RH for Nafion®, xsPCHD homopolymer, xsPCHDPEG block copolymer and xsPCHD-PEG blend at 120 °C.

The enhanced proton conductivity could be also due to well-formed networks of
contiguous aqueous domains which are favored by higher water content and phase-
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separated morphologies. This is confirmed by the atomic force microscopy (AFM) results
discussed later.

Table III-1. Conductivity Values of Nafion® 112 and xsPCHD-Based Membranes at 120
°C, and RH Values of 50 % and 80%
Sample

Conductivity (mS/cm)
at 50 % RH

Conductivity (mS/cm)
at 80 % RH

Nafion® 112

36.96

120.7

xsPCHD homopolymer

18.13

125.8

xsPCHD-PEG block copolymer

141.4

489.4

xsPCHD and PEG blend

322.4

647.0

TGA studies were performed on these xsPCHD-based materials to determine their
thermal degradative stability in a N2 (non-oxidative) atmosphere. Figure III-4 shows mass
loss vs. temperature up to 800 °C. Multi-step degradation is observed for all samples. The
first step involves mass loss from the initial temperature up to 200 °C for the
homopolymer, and up to 150 °C for the copolymer and blend. Percent weight losses
during this step are 8, 15 and 22 wt %, respectively for the homopolymer, copolymer and
blend. This initial weight loss is due to loss of sorbed water. The increasing order in
weight loss is similar to that of the membrane hydration capacity, as seen in the water
vapor pressure isotherms in Figure III-2.
Williamson et al.25 observed initial degradation with a weight loss of ~ 12% for
PCHD at around 100 °C, which they attributed to de-polymerization. Similarly, Natori et
al.26 reported a weight loss of 13 wt % for their PCHD materials in the same temperature
range. Like our systems, these are not cross-linked and sulfonated which avoids any
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moisture uptake by membranes. Hence, the initial weight loss was attributed to depolymerization. In our results, the onset of this degradation mechanism further shifted to
the higher temperature of 150 °C which may be due to the fact that our xsPCHD
materials are cross-linked and sulfonated further which enhances their thermal stability.
Thus, for xsPCHD homopolymer, a corresponding weight loss of 14 wt % occurs
between 150 °C and 300 °C followed by another loss (~ 13 wt.%) between 310 °C to 390
°C and a loss of 7 wt % between 400 °C to 530 °C. There is no clear demarcation
between these degradation steps. It might be suggested that at 150 °C there was depolymerization until a more thermally stable unit on the polymer backbone was reached
which then showed a weight loss at 310 °C and 400 °C with most stable units degraded
last.25,26 In case of the copolymer and blends, the degradation mechanism is almost
similar, but with much higher weight loss in the temperature range of 150 °C to 400 °C
(~ 40 wt %) compared to that of xsPCHD homopolymer (~ 26 wt. %). This could be due
to degradation of PEG in the same temperature range.27
All membranes showed appreciable amount of char residue (35 ~ 60% of original
mass) at temperatures as high as 800 °C. Natori et al. reported that the weight residue for
polyphenylene (PPH) homopolymer (i.e., completely dehydrogenated PCHD) was
between 60 ~ 70 wt. -% at 800 °C. It appeared that de-sulfonation leads to the formation
of polyphenylene. Significant additional effort will be required before de-sulfonation of
sulfonated PCHD is completely understood. The multi-step degradation process observed
by TGA for xsPCHD-based materials reflect the complexity of these chemical structures
that include SO3H groups, cross-links and chemical heterogeneity along the backbone.
No major weight loss occurs up to ∼200 °C for the xsPCHD homopolymer, nor for the
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copolymer and blend systems up to 150 °C. While the temperatures reached in these tests
are above fuel cell operating temperature, the degradation temperatures reflect material
bonding cohesion that is related to membrane durability.
In an effort to understand the thermal behavior and molecular motions in xsPCHD
based PEMs, transition temperatures were first identified in the xsPCHD homopolymer
and later, extended to the copolymer and blend systems.

Figure III-4. TGA thermograms for xsPCHD homopolymer, xsPCHD-PEG copolymer
and xsPCHD blend with PEG.

Figure III-5 shows (a) tan δ and (b) storage modulus (E’) vs. temperature curves
for the xsPCHD homopolymer samples, each from a different batch, prepared using
similar reaction conditions. The purpose of carrying DMA tests on these PCHD based
membranes was to analyze mechanical properties at different temperatures, locate the
glass transition temperature and identify relaxations corresponding to short range
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molecular motions. Three distinct peaks with different degrees of broadening are
observed for both samples on the tan δ curved. In general, storage modulus decreases
with increase in temperature, which is not the case here. As seen in Figure III-5 (b), there
is a large drop in E’ as temperature rose from – 80 °C to 0 °C, beyond which E’ increases
up to 300 °C. The increase in modulus, i.e., stiffening of the material, with increase in T
suggests that thermally-driven reactions involving unreacted groups are occurring during
the course of heating the sample. Therefore, the tan δ peaks are not purely physical
relaxations.
The xsPCHD homopolymer samples were further annealed at 80 °C for several
hours for the purpose of driving unreacted groups to reaction completion before a DMA
experiment. Unfortunately, this resulted in mechanically poor films making DMA testing
impossible. This negative result has highlighted a shortcoming of PCHD based materials
for use in fuel cells, despite the fact that they have high proton conductivities.

Figure III-5. (a) Tan δ and (b) E’ vs. T curve for xsPCHD homopolymer samples 1 and
2.
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Figure III-5 (continued).
Tapping mode/phase AFM images of these xsPCHD-based materials showed
nano-phase separated morphology as seen in Figure III-6. McGrath et al.28 observed
similar surface morphology for their sulfonated copolymer materials based on
hydrocarbon backbone. The bright regions are cross-linked hydrophobic non-ionic
domains, while the dark regions are the hydrophilic, sulfonated domains. All three
samples show sharp contrast indicating a high degree of nanophase separation between
hydrophilic and hydrophobic domains. This contrast is due to having different phases
with different viscoelastic properties. In particular a PEG domain will be softer than a
xsPCHD domain. For the copolymer and the blend, the added PEG component, being
highly hydrophilic, has larger and more connected darker regions. Increased
connectedness of hydrophilic domains should promote more efficient proton transport
pathways across a membrane. This, in fact, accounts very well for the high conductivity
values observed for these membranes vs. that of the xsPCHD homopolymer, as seen in
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Figure III-3. In case of the block copolymer, the PEG chain section weight is 2000 g/mol
while for the blend the unbound molecules are 750 g/mol. The shorter chains might
account for the narrow, connected hydrophilic channels in the blend compared to that of
broader channels seen in the image of the copolymer.

Figure III-6. Tapping mode AFM height (left) and phase (right) images for (a) xsPCHD
homopolymer, (b) xsPCHD-PEG block copolymer and (c) xsPCHD blend with PEG
membranes.
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Figure III-6 (continued).
Conclusions
Potentially low cost aliphatic hydrocarbon PEMs based on poly(1,3cyclohexadiene) were successfully prepared by the PCS approach and characterized for
their conductivity, thermal degradative, thermo-mechanical stability and surface
morphologies.
All xsPCHD membranes showed significantly higher water uptake at 80 °C and
higher proton conductivity at 120 °C at all RH values compared to that of current
benchmark fuel cell membrane, Nafion®. Particularly, xsPCHD-PEG copolymer and a
xsPCHD blend with PEG has surpassed the target specified by DOE by exhibiting proton
conductivities of 141.44 and 322.40 mS/cm, respectively, at 50 % RH.
Though the PCHD-based PEMs exhibited a thermal stability up to 150 °C, the
poor mechanical properties seek the further modification of synthetic procedure to
overcome the issue which will directly affect the membrane durability in high
temperature fuel cell operation.
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The nanophase separated morphology of xsPCHD materials was demonstrated by
AFM and it was found that the morphology having the higher degree of connectedness of
the hydrophilic domains in the copolymer and blend samples accounts for the superior
proton conductivity properties.
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CHAPTER IV
BROADBAND DIELECTRIC SPECTROSCOPY STUDIES OF GLASSY STATE
RELAXATIONS IN ANNEALED POLY(2,5-BENZIMIDAZOLE)
Abstract
A broadband dielectric spectroscopic (BDS) study of poly (2,5- benzimidazole)
revealed three sub-glass relaxations and the manner in which the time scales of these
local molecular motions shift with annealing temperature and time. Also issuing from the
BDS studies was a trend in the degree of connectivity of charge migration pathways and
conductivity with annealing temperature and time. These studies were complemented
with dynamic mechanical analysis, which showed the same relaxations, and solid state 1H
and 13C NMR studies that showed hydrogen bonding group mobility vs. temperature.
Wide angle x-ray diffraction investigations indicated an increase in chain packing
efficiency that was used to rationalize the BDS and NMR results.
Introduction
Poly (2,5- benzimidazole) (ABPBI) is one of the most thermally stable polymer
having excellent chemical resistance. The aromatic heterocyclic rigid backbone imparts
high strength-to-weight ratios resulting in good dimensional stability even at high
temperatures.1,2 These materials form intermolecular hydrogen bonds between nitrogen
and nitrogen-hydrogen groups in the ABPBI and water. The hygroscopic nature of
ABPBI results in relatively higher equilibrium moisture content (15~18%).3 The fibers of
these materials made by the method of dry spinning4 find its applications in firefighter’s
protective apparel, race car drivers and armed forces flight suits, fire-blocking layer and
wall fabrics of aircrafts. The densely-packed structure along with rigid backbone cause
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melt processing difficulties. The techniques for preparing ABPBI films by solvent casting
with high orientation and superior mechanical properties are well developed.1,5 These
membranes further have potential for application in the area of gas-separation and fuel
cell materials. ABPBI polymers, when phosphoric acid doped, show high proton
conductivity at low relative humidity in the high temperature range of 100 °C to 200
°C.6,7 ABPBI, not commercially available, has a chemical structure similar to
polybenzimidazole (PBI), but without the connecting phenyl group. While, ABPBI has an
advantage of easier, less expensive monomer synthesis by a condensation reaction of 3,4diaminobenzoic acid in polyphosphoric acid.
The annealing of polymers beneath their glass transition temperatures supplies
thermal kinetic energy that lowers free volume in amorphous regions and increases the
efficiency of chain packing in crystalline regions. These structural shifts affect the
dynamics of macromolecular motions as there are more mobility constraints on chains.
Also, polymers that incorporate water will dehydrate so that the chains can pack more
efficiently, thereby increasing the overall strength of intermolecular interactions resulting
in greater material cohesion and decreased molecular mobility.
Annealing can be used as a pretreatment procedure for membranes towards better
conductivity. Nafion®, when annealed at 165 °C showed improved proton conductivity,
water permeability, equilibrium water sorption, and water diffusion in thinner
membranes.8 Annealing can alter the distribution of water. Thermally treated Nafion®
membranes lose water and the connectedness of charge hopping pathways is disrupted
thereby.9
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The work presented here addresses the results of ABPBI annealing on a
fundamental level, namely the shift in the dynamics of motions in the polymer chains.
Owing to the fact that ABPBI has a glass transition temperature greater than 450 °C, the
relaxations investigated over lower temperatures are short ranged. The primary tool of
inquiry is broadband dielectric spectroscopy (BDS). BDS is particularly well-suited for
this investigation because it is able to sense molecular motions over a vast range of time
and distance scales.
While there were prior studies of similar polymers, the conclusions were
speculative and offer no specific assignments of molecular motions for the relaxations
observed in the work reported here. The relevant literature and conclusions derived
therein is as follows.
Gillham discussed the thermomechanical behavior of polybenzimidazole as
studied by torsion braid analysis.10 Relaxation peaks were observed at around -70 °C, 310
°C and 430 °C, but no explanations of their origins were offered. Aharoni and Litt
reported properties of poly(2,5-trimethylene benzimidazole).11 Dielectric tan δ vs.
temperature curves from around 21 to 180 °C for different molecular weights for the
neutral form showed insignificant relaxation activity until around 130- 140 °C, after
which the curves rose until they were off-scale. Wereta et al. presented rheovibron
studies of original and drawn poly 2,5(6) benzimidazole (ABPBI) films over the
temperature range -150 to 120 °C. The drawn films are not of interest here as they
possess an oriented morphology. The reported tan δ vs. temperature scans at a
vibrational frequency of 11 Hz showed only one sub-Tg thermal transition at around -60
°C that was sensitive to moisture.1 This relaxation had activation energy of 10.2

80
kcal/mole (42.7 kJ/mole). Liang et al. investigated the thermal, dielectric and mechanical
relaxations in poly(benzimidazole)/poly(etherimide) (PEI) blends that exhibited an
LCST.12 The dielectric and mechanical relaxation data were said to reflect water
desorption, solvent loss and phase separation above the PEI Tg although no particular
relaxation assignments were offered. In any case, hydrogen bonding reactions with
between C=O and N-H groups pose a complication and the blend exhibits LCST
behavior. Menczel performed DSC and DMA studies of PBI fibers.2 The following
conclusions were drawn for as-spun (unoriented) fibers. DMA indicated an α relaxation
(Tg) at 465 °C. A sub-Tg (β) relaxation at 290 °C was speculated as arising from water or
solvent release. A relaxation (γ) was observed at 20 °C that was suggested to arise from
the rotation of two benzimidazole rings. The lowest temperature relaxation (δ) at -90 °C
was speculated to arise from the onset of rotation of the m-phenylene ring. Lushcheikin et
al. reported the results of a dielectric relaxation study of poly(diphenylenebenzimidazole
terephthalamide) and poly(p-phenylene terephthalamide) over the temperature range 18
to 340 °C.13 ε” maxima were seen at above 230 °C (α), near 150 °C (β), and in the range
50-80 °C (γ). The γ relaxation was said to be related to structural rearrangements due to
breaking of hydrogen bonds and water desorption. The β relaxation was ascribed to the
activation of local mobility in terms of rotational oscillations of p-substituted benzene
fragments. The high temperature α relaxation was ascribed to a glass transition.
In any case, the results of measurements in these studies seem to be highly
dependent on sample preparation conditions so that using these results to interpret the
relaxations in the studies presented here must take place with caution.
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Experimental
Materials
ABPBI was synthesized by M. Litt et al. at Case Western Reserve University.
P2O5 and H3PO4 were placed into a three necked flask equipped with mechanical stirrer
and a nitrogen inlet tube. The flask was placed in a dry box and heated to 160 °C to
dissolve all the P2O5, and sparged with nitrogen for 1h. It was cooled to room
temperature and re-crystallized 3,4-diaminobenzoic acid was added. The solution was
stirred and the temperature raised to 200 °C and kept for 2 h. The gelled solution was
removed from the flask and cooled with liquid nitrogen. Fine ABPBI powder was
obtained using pulverized blender. The powder was washed with boiling water until
neutral pH was obtained. The powder was filtered and dried under vacuum at 150 °C.
Further details of the synthesis of the ABPBI membrane used in these studies are given
elsewhere.14-18
These samples were stored in a controlled humidity chamber at 19% RH until
dielectric spectroscopy experiments were conducted.
Film Casting
As reported earlier,5,18 1 g of pulverized ABPBI powder was refluxed in 20 ml of
100% ethanol containing 0.63 g sodium hydroxide until it dissolved. The solution was
filtered with a coarse sintered glass pressure filter (30 psi) and stored under N2. Films
were cast by pouring solutions onto glass plates and drying in vacuum at 40 °C for 24h,
after which they were washed with water until they were neutral and then dried in
vacuum at 25 °C for 48 h. The films with uniform thickness of 31 ± 1 µm were obtained.
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Dynamic Mechanical Analysis (DMA)
DMA experiments were conducted on ABPBI films using a TA Q800 system
from Tactical Technologies Inc. The rectangular samples (3x12 mm) were run under
nitrogen in tensile mode using strain control with amplitude of 20µm and frequency of
1Hz. The temperature (T) was increased from –80 °C up to 350 °C at the rate of 2
°C/min and tan δ vs. T curves determined for the purpose of identifying polymer
relaxations to be compared with dielectric relaxations.
Broadband Dielectric Spectroscopy (BDS)
BDS spectra were collected using a Novocontrol GmbH Concept 40 broadband
dielectric spectrometer from Dynamics Corp., NOVA over the frequency (f) range of 0.1
Hz to 3 MHz and over the temperature range of -80 to 250 °C in 10 °C increments. Also,
spectra were collected under isothermal conditions within same frequency range at the
temperatures 90, 120, 140, 160 and 200 °C. Each experiment consisted of f sweep
iterations at constant temperature for 5.7 h. The temperature stability of the instrument
was controlled to within ± 0.2 °C. All films were preconditioned in a controlled humidity
chamber at 19% RH at room temperature for seven days. Since all films experienced
exactly the same hydration history it is well to assume that the same amount of water
exists in all samples at the beginning of each BDS-in situ annealing experiment. Samples
were cut to a diameter of 2 cm and placed between two 2 cm diameter gold coated copper
electrodes. Aluminum foil was sandwiched between the film sample and electrode to
avoid any adhering of polymer to the gold coated electrode surface. Curve fitting to
dielectric permittivity data was performed using the Novocontrol Winfit program. The
Havriliak-Negami equation (discussed below in detail) was best-fitted to the loss (ε” vs.
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f) spectra for each specimen to obtain parameters that quantify the nature of relaxations
and charge conductivity.
Wide Angle X-Ray Diffraction (WAXD)
Samples that were annealed in the BDS instrument at temperatures from 90 to 200
°C were also studied for crystallinity at room temperature using a Rigaku Ultima III wide
angle diffractometer (from Rigaku Americas Corp.) in reflection mode. The X-ray
source was CuKα (λ = 0.154 nm). In this experimental arrangement x-rays can
interrogate up to around 100 µm depth into samples. However, the membranes used in
these studies have uniform thicknesses of 31 ± 1 µm which is less than the penetration
depth. Thus, the interior as well as near surface region was probed. Membranes were
mounted on a sample holder and scanned for diffracted x-ray intensity at angles of 2θ
from 2 to 40° at a constant speed of 0.5° /min.
Solid-State NMR Spectroscopy
Solid-state NMR spectroscopy was performed using a Varian UNITYINOVA 400
spectrometer using a Chemagnetics 3 channel 4 mm PENCILÔ-style probe. Samples
were loaded into zirconia rotor sleeves, sealed with Teflon™ caps, and spun at a rate of
10.0 kHz. 13C spectra were acquired using either the standard cross-polarization/magic
angle spinning (CP/MAS) technique19 or the variable amplitude cross polarization
method20 with high-power proton decoupling implemented during data acquisition.
Carbon acquisition parameters were as follows: The 1H 90° pulse width was 4.0 ms, the
cross-polarization contact time was 1 or 3 ms, the dead time delay was 6.4 ms, and the
acquisition time was 45 ms. A recycle delay of 3 s between scans was utilized and the 1H
decoupling field of 62.5 kHz was implemented during acquisition. The number of scans
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accumulated for each spectrum ranged from 4,800 to 10,000. Proton MAS spectra were
obtained using a 4.0 ms 1H 90° pulse width, a recycle delay of 3 s, and an acquisition
time of 150 ms. The spectral width was 50 kHz, and the free induction decay (FID) was
composed of 15,000 data points. The FID was zero-filled to 32K points and apodized
with an exponential filter of 20 Hz prior to application of the Fourier transform. Sixteen
transients were co-added for each spectrum. Chemical shifts were referenced externally
to adamantane (upfield peak in 13C 29.5 ppm, 1H shift 1.63 ppm).
Results and Discussion
Dynamic Mechanical and Dielectric Relaxation Results
A dynamic mechanical tan δ vs. temperature curve for an ABPBI film is shown in
Figure IV-1. There are three secondary relaxation processes labeled β, γ and δ in
decreasing order of temperature. These sub-Tg relaxations presumably result from short
range molecular motions. The δ process occurs between -50 and 40 °C and there is a β
peak at around 270 °C as well as a γ relaxation that appears as a shoulder on the former
at around 225 °C. The glass transition temperature of these materials is of no interest
here because it takes place at very high temperatures of ~ 450 °C;12,21,22 hence, the
experiments were conducted over the temperature range -80 to 250 °C within which fuel
cells operate (with added phosphoric acid to impart proton conductivity).
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Figure IV-1. Dynamic mechanical tan δ vs. T plot (at f = 1 Hz) showing β, γ and δ subTg relaxations.
A dielectric tan δ vs. temperature plot for f = 1.14 Hz is shown in Figure IV-2 to
compare with the corresponding dynamic mechanical tan δ curve in Figure IV-1. There
are, again, three relaxations: a δ process from -50 to 25 °C, a broad γ process from 30 to
180 °C and a β process above 200 °C. The dielectric relaxations appear at lower
temperatures than the corresponding dynamic mechanical relaxations. While the
frequencies of perturbation in both experiments are practically equal, differences in
positions, intensities and shapes of the curves in Figures IV-1 and IV-2 are due in part to
the material excitations being of a different nature (mechanical vs. electrical oscillations).
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Figure IV-2. Dielectric tan δ vs. T plot (at f = 1.14 Hz) showing β, γ and δ relaxations.
The viscoelastic relaxation observed for ABPBI at around -60 °C by Wereta et al.
is in the close vicinity of the δ relaxation seen in Figure IV-1.1 The most that can be said
is that this relaxation, given the absence of side chains involves local backbone motions
in a general sense. It is difficult to assign the γ peaks in the DMA and dielectric spectra
to the same mechanism owing to a difference peak temperatures (DMA: 230 °C vs.
dielectric: 110 °C) that is too great as to be attributed to difference in experimental
methods. In the realm of speculation, perhaps these relaxations are due to local chain
motions caused by H-bond rearrangements caused by water desorption. In the same
realm of speculation the β transition might be considered to reflect the mobility of chain
segments in close proximity to crystallites as discussed by Parepechko.23
E’, the real part of the complex dynamic mechanical modulus, and ε’, the real part
of the complex dielectric permittivity vs. temperature curves are shown in Figure IV-3
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and Figure IV- 4, respectively. The downward behavior of E’ with increase in
temperature is due to progressive material softening due to the successive activation of
different short range molecular motions that are implicated in mechanical properties. ε’
increases with increase in temperature owing to an increase in electrical polarizability due
to increased polymer dipole mobility affected by an increase in thermal kinetic energy.
The very high values of ε’ at the highest temperatures might be due to sample-electrode
interfacial polarization.

Figure IV-3. Dynamic mechanical E’ vs. T plot at f = 1 Hz.
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Figure IV-4. Dielectric ε’ vs. T plot at f = 1.14 Hz.
The mechanical compliance = J = 1/E’ vs. temperature curve in Figure IV-5
shows monotonically increasing behavior and this curve is similar to the ε’ vs.
temperature curve in Figure IV-4. While ε’can be viewed as a dielectric compliance in
the sense of polarizability, J and ε’ curves are not be expected to exactly track because
these two different quantities reflect different relaxation perspectives and the time/space
scales of relaxations for molecular groupings may be different in mechanical vs.
dielectric response. This explains why the relaxations do not appear at exactly the same
temperatures in dielectric vs. mechanical tan δ vs. temperature plots in Figure IV- 1 and
Figure IV- 2. The mechanical relaxations appear more distinct on tan δ vs. temperature
curves than on the E’ and E” vs. temperature plots.
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Figure IV-5. Dynamic mechanical compliance (J = 1/E’) vs. T plot at f = 1 Hz.
In order to extract useful parameters that quantify relaxations, the HavriliakNegami (HN) equation24-26 was fitted to experimental data. This equation for the
imaginary dielectric permittivity ε* = ε’ - iε”, where ε’ and ε” are the real and imaginary
components, is given by:
N
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Equation IV-1

There are three relaxation terms in the sum and the term on the left accounts for dc
conductivity, when present. ε0 = vacuum permittivity and ω = 2πf. For each relaxation
term k, ∆εk = (εR - ε∞)k, is the difference between ε′ at very low and very high
frequencies, respectively. In the first term σdc is the dc conductivity and N characterizes
conduction in terms of the nature of charge hopping pathways and mobility constraints as
will be discussed later.27-31 The parameters α and β characterize the breadth and
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symmetry, respectively, of ε″ vs. ω peaks. τHN, the Havriliak-Negami (HN) relaxation
time, is related to the actual relaxation time at loss peak maximum (τmax) by the
equation:32
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Equation IV-2

The d.c. term accounts for inherent or unintended (impurity) charge migration
that is often subtracted to uncover loss peaks at low frequencies corresponding to
macromolecular motions. It is especially necessary to resolve relaxation peaks using
equation 1 at temperatures above Tg at which d.c. conduction becomes stronger.33 As the
experimental time scale, that is, one half the period of electric field oscillation = (2f)-1,
increases, mobile charges can execute more elementary hops before the applied field
reverses. In the low f region, ε˝ is directly proportional to σdc according to the equation:

ε″ ≈ σdc /2πf ε0

Equation IV-3

An overall view of relaxations is seen on the three dimensional dielectric loss, f
and T surface shown in Figure IV- 6. All β, γ and δ relaxations shift to higher frequency
with increase in temperature as expected owing to greater thermal excitation of molecular
motions. Due to overlap of the high temperature relaxations β and γ, they are not
resolved on the 3D response surface. The upswing of the surface at low f and high T is
due to d.c. conductivity.
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Figure IV-6. ε” –f – T surface for ABPBI membrane preconditioned in 19% relative
humidity at room temperature. Isothermal frequency sweeps from -80 to 250 0C in 10 0C
increments without BDS in-situ annealing. The β and γ peaks are highly overlapped in
this view.
Figure IV-7 shows plots of relaxation time vs. inverse T for the low temperature

δ relaxation whose peak does not overlap those of the higher temperature relaxations. The
plot of log10 τmax vs. inverse T for this relaxation is linear which is characteristic of short
range motions in the glassy state. The activation energy for this relaxation, derived from
the slope of the line, is 73.27 kJ/mol. Wereta et al. reported activation energy for ABPBI
polymer for a relaxation observed around same temperature range (42.7 kJ/mol). This
energy varied with type of film casting solvent and increased with film drawing.1
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Figure IV-7. Relaxation time vs. T plot for an in situ annealed ABPBI film for the
δ relaxation.

ε” vs. f spectra for which the low f dc contribution was subtracted show changes in
the δ relaxation peak in response to real-time BDS - in situ annealing at 90 °C for 25, 100
and 325 min, as displayed in Figure IV-8. The Havriliak-Negami equation can be fitted
to this data very well. With increased annealing, the curves shift to lower frequency,
become narrower and the peak height decreases. It is suggested that annealing results in
loss of moisture and less free volume which makes these particular molecular motions
more difficult owing to better chain packing on a local level, as discussed for the case of
similar studies of Nafion® membranes.9 The peak narrowing can be reasonably ascribed
to a narrowing distribution of free volume pocket sizes. The reduction of peak area might
be accounted for by a suppression of the molecular fragments involved in this relaxation.
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Figure IV-8. ε” vs. f data showing leftward shift in δ relaxation peak vs. BDS in-situ
annealing time at 900 C; dc contribution subtracted from spectra.
Similar trends are observed for the δ relaxation for a sample annealed in-situ at the
higher temperature of 120 °C, as shown in Figure IV-9, except that another relaxation, γ,
emerges in the form of a superimposition to the left of the δ relaxation feature. This
feature becomes stronger relative to the δ peak and also shifts to the left with increased
annealing time. In-situ BDS annealing at 140 °C shows the γ relaxation appearing along
with the δ relaxation, the two peaks being greatly overlapping, as seen in Figure IV-10.
Again, the peak shift towards lower f with increased annealing time is proposed to be due
to de-sorption of water molecules and elimination of free volume which causes closer
chain packing. The δ peak is barely visible at the highest frequencies owing to greater
thermal kinetic energy possessed by molecular fragments at this higher temperature.
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Figure IV-9. ε” vs. f showing changes in δ and γ relaxation peaks for three real-time
BDS in-situ annealing times at 120 0C; dc contribution subtracted for all curves.

Figure IV-10. ε” vs. f showing the γ relaxation for three BDS in-situ annealing times at
140 0C.
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For annealing at 160 °C a new peak appears as seen in Figure IV-11 and is
labeled β. Molecular chain motions related to the γ relaxation are so fast at this high
temperature that a corresponding peak for 25 min annealing time does not appear in this
frequency range but, with longer annealing, this relaxation becomes slower and is
observed for 100 and 325 min annealing times as shown in the inset of Figure IV-11. The

β relaxation diminishes in intensity with increased annealing time but the peak shifts to a
higher frequency before it shifts to the left. This non-monotonic behavior might be
related to a morphological change caused by time of annealing, although this must be
verified.

Figure IV-11. ε” vs. f showing changes in the β and γ (expanded in the inset) relaxations
for three real-time BDS in-situ annealing times at 160 0C
Both the β and γ relaxations are observed at 200 °C for all annealing times, as
seen in Figure IV-12, while the former is dominant. Both β and γ peaks shift towards
lower frequency with annealing time. The β relaxation corresponding to 325 minutes of
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annealing time is not seen clearly on graph. The corresponding peak height is more
suppressed due to more complete moisture desorption and decreased free volume which
results in decrease in number of relaxing units. All β, γ and δ relaxations show similar
trends with annealing time but the underlying molecular motions might be expected to
occur at increasingly longer time scales in this order.

Figure IV-12. ε” vs. f showing changes in the β and γ relaxations for three real time
BDS in-situ annealing times at 200 0C. The γ relaxation and its shift to lower frequency is
magnified in the inset
Figures IV-13, 14 and 15 show the δ, γ and β relaxation times vs. in-situ BDS
annealing time. In Figure IV-13, the δ relaxation time is plotted for the annealing
temperatures 90, 120 and 140 °C. At 1400 C, the δ relaxation occurs at an fmax that is so
high that the peak is out of the experimental frequency range and therefore no points can
be gathered beyond ~140 min as seen in the figure. The δ curves shift upward with
increased annealing temperature which indicates slower molecular motions with
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increased sample drying. At each temperature τmax increases with annealing time and
reaches a horizontal asymptote at which presumably most if not all water molecules have
evacuated the sample. The asymptote occurs progressively earlier with increased
temperature due to an increasingly faster water desorption rate. The overall changes in
relaxation time are to within a little more than an order of magnitude at each temperature
although the curves are separated by orders of magnitude. In concept, there are two
mechanisms that interplay at a given temperature: (1) Macromolecular mobility increases
with increasing temperature which would decrease the relaxation time. (2) Opposing
this, water loss reduces free volume which would increase the relaxation time. It would
seem that (2) would be dominant at higher temperatures.

Figure IV-13. δ relaxation time vs. annealing time at temperatures of 90, 120 and 140 0C
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Figure IV-14. γ relaxation time vs. annealing time at temperatures of 120, 140 and 160
C

0

Figure IV-15. β relaxation time vs. annealing time at temperatures of 160 and 200 0C
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The γ relaxation peak appears in the experimental frequency range from 120 °C
upward while the β relaxation begins at around 160 °C. Similar trends as for the δ
relaxation are observed for both γ and β relaxations with annealing time. The degree to
which the β relaxation occurs faster than the γ relaxation is seen in these figures. Data
scatter is due, in part to the accuracy with which relaxation peaks can be resolved from
the total spectrum.
It is of interest to determine how annealing might affect proton conduction in
rigid chain high Tg fuel cell membranes. Of direct interest here is the affect of sub-Tg
molecular motions on the conductivity of phosphoric acid-doped poly(benzimidazole)
membranes.23,34,35 While the materials in this report were not imbibed with free acid, the
dielectric spectra of unmodified ABPBI, nonetheless, provides baseline information
against which the acidified membranes can be compared. For the case at hand,
conductivity is viewed in terms of the hopping of protons between –NH- donor and – N=
acceptor groups in a Grotthus-type mechanism that depends on the proximity, relative
orientation and mobility of these groups.
The exponent N in equation 1 is a rough index of morphological “texture” and the
degree to which proton hopping pathways are connected.27-31,36 N = 1 corresponds to an
“ideal” conductor wherein contiguous charge pathways span the entire sample
dimensions and charge drift is dominant over random hopping. N < 1 indicates charge
traps or dead ends on the conductivity grid and N = ½ suggests random charge
conducting paths. N decreases as charge traps become more numerous on the grid. N, in
principle, is related to the degree of morphological order and macromolecular dynamics
in the membrane.
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Fitted values of N are plotted against annealing time for three temperatures in
Figure IV-16. The data points for 90 °C are distinctively lower than those for 160 and
200 °C. It is noted that the system passes through the γ relaxation between 90 and 160
°C which might influence N through an increase in molecular mobility. Perhaps the
activation of the molecular motions associated with this relaxation causes an increase in
the connectivity of charge conducting pathways, thereby causing the increase in N at a
given time. The highest value of N (~ 1) is observed at the beginning of annealing at all
three temperatures which suggests highly contiguous charge pathways but these pathways
become disrupted with increase in annealing time where it is viewed that charge traps
develop as free volume pockets become smaller and water molecules leave so that N can
be less than 0.5.

Figure IV-16. Charge pathway connectivity parameter N vs. annealing time at 90, 160
and 200 0C
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This idea is reinforced in Figure IV-17 which indicates that σdc increases with
increase in annealing time. This behavior, at first, appears counterintuitive as it is
expected that conductivity would decrease due to increase in charge traps and removal of
water molecules along which protons could hop. N and σdc are related inversely rather
than directly. One explanation might involve NH group proton donors coming closer to
each other with drying so that proton hopping shifts from the situation of taking place
between water molecules to occurring primarily between –NH- and – N= proton donor
and acceptor groups, respectively. The loss of water molecules causes closer chain
packing which in turn should form stronger H-bonds, thereby increasing conductivity. An
increase in H-bonding strength was in fact observed with the variable temperature NMR
results discussed later. Similar trends were observed for N and σdc for BDS in-situ
annealed Nafion® membranes.9

Figure IV-17. σdc vs. annealing time at 90, 160 and 200 0C
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It should be emphasized σdc values extracted by this analysis are not expected to
be the same as those generated by the in-plane four-point probe fringing field method
used to determine proton conductivity of fuel cell membranes for a number of reasons.
Rather, the values generated here are intimately connected with polymer structure and
dynamics as coupled with the long range charge hopping process but over limited
distances, rather than macroscopic conductance. Moreover, the low values of N are
reflective of charge hopping on a microstructural level for which ohmic conduction has
little meaning.
The dielectric strength, ∆ε is proportional to the density of dipoles involved in a
given relaxation.37 As seen in Figure IV-18, ∆ε for the δ relaxation decreases with
annealing time for all three temperatures. ∆ε values and the magnitude of the initial drop
in ∆ε is greater for the highest temperature. The rate of moisture loss would increase with
increasing temperature, which would account for the large drop in ∆ε at 140 °C. The
large initial value in ∆ε could be explained by an increase in water molecule dipole
reorientation mobility, which, however, becomes greatly restricted with increased drying
time and diminishing free volume in the amorphous fraction.
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Figure IV-18. ∆ε vs. annealing time for the δ relaxation at temperatures of 90, 120 and
140 0C
An increase in crystallinity upon sample annealing, discussed later, would also hinder
molecular chain motions and the number of dipoles capable of reorientation to reduce the
dielectric strength.38-40 The 140 °C curve is not seen on its graph after 150 min of
annealing because this relaxation becomes very slow and moves out of the experimental
time scale. Similar trends are observed for the ∆ε values with annealing time for the β
and γ relaxations (not shown). For both relaxations, an initial rapid drop in ∆ε values
followed by slower drop is explained by the same reasoning offered above.
In the Havriliak-Negami equation α and β determine the distribution of relaxation
times, G(τ ) such that α characterizes the distribution breadth and , β by its deviation
from unity, characterizes the degree of curve symmetry. G(τ ) is given by the following
equation:25
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G(τ) curves at 90 °C for the δ relaxation, and at 200 °C for the β relaxation for three
annealing times is seen in Figures IV-19 and 20. The d.c. contribution was subtracted so
that the distribution applies to pure relaxation peaks. The decreasing area under the
curves for both relaxations with increasing annealing time indicates a diminishing
number of relaxing elements or frozen-in dipole motions. Another general feature
possessed by both distributions is that they are multimodal, indicating structural
heterogeneity at the scale of the respective molecular motions. No significant distribution
broadening vs. annealing time is observed for either relaxation although the distributions
shift to longer relaxation times.
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Figure IV-19. G(τ) at 90 0C for the δ relaxation for three annealing times.

Figure IV-20. G(τ) at 200 0C for the β relaxation for three annealing times.

106
Wide Angle X-Ray Diffraction Results
ABPBI materials have a degree of chain packing order, although x-ray scans
show few reflections.1,5-7,41-43 This paucity of reflections was also observed in the
WAXD results presented here. As in other semi-crystalline polymers, it was presumed
that degree of chain order increases with increased annealing as the imparted thermal
kinetic energy allows for chains to seek out their minimum free energy packing. This
structural reorganization must be considered in addition to water de-sorption in
understanding shifts in macromolecular relaxation behavior that results from annealing.
WAXD intensity vs. 2θ scans obtained for films that were annealed BDS-in situ
at different temperatures are displayed in Figure IV-21.
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Figure IV-21. Wide angle X-ray diffraction scans for an un-annealed control and BDS-in
situ annealed ABPBI films at different temperatures
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For the control sample, there is a broad un-symmetric diffraction peak at 2θ = 26° which
corresponds to a Bragg spacing of about 3.4 Å. This spacing corresponds to the
perpendicular distance between planes comprised of stacked aromatic rings.1,5 There is a
broad wing to the left of the peak at 2θ = 18° which corresponds to a Bragg spacing of
4.9 Å. Upon annealing, this wing develops into a somewhat less broadened peak. The
peak emergence could be due to formation of smaller crystallites or due to ordering
within largely disordered regions of ABPBI molecules. Clearly, the increase in annealing
temperature from 90 to 200 °C affected greater packing order. This increase in chain
packing efficiency reduces the average free volume, which, in turn, would increase the
time scales of the molecular motions underlying the relaxations discussed above.
Moreover, the shifting of chains to closer proximity would increase intermolecular
interactions, including hydrogen bonding.
Solid-State NMR Results
Figure IV-22 shows stacked 1H MAS spectra obtained at temperatures from 25 to
225 °C. At room temperature the peaks are broad with the aromatic ring C-H protons
exhibiting a resonance at 7.8 ppm. On the same spectra, further downfield, another broad
peak observed, comprised of two separate peaks each at ~10.8 ppm and 15 ppm which
are attributed to hydrogen-bonded ring N-H protons. The 15 ppm peak is not clearly seen
on the spectra. In order to see it, the vertical scale of the 25 °C spectrum is increased by a
factor of 4 as shown in the inset of Figure IV-22. The temperature rise from 25 to 75 °C
increases the proton motions. The protons rearrange themselves increasing the effective
hydrogen bond strength and thus give less broad single peak at 11.3 ppm on 75 °C
spectra. Henceforth, the 15 ppm peak observed at 25 °C is no more seen at 75 °C and
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temperatures above. These shift ranges are consistent with hydrogen-bonded systems44-49
with sites undergoing stronger H-bonding having the further downfield shifts. As the
temperature increases from 25 to 225 °C the aromatic proton line width narrows due to
increased proton motions while its 1H chemical shift remains unchanged. The resonance
at 10.8 ppm observed for 25 °C spectra shifts downfield with increasing temperature (to
11.3 ppm at 75 °C and to 12.3 ppm at 125 °C and 175 °C). Interestingly, at 225 ° C the
N-H peak shifts downfield to 12.8 ppm and broadens slightly. The downward shift
confirms H-bond strengthening. The chains would seem to move more rapidly as the
temperature increases to 175 °C but at 225 °C hydrogen bonds must restrict ring mobility
resulting in resonance peak broadening.

Figure IV-22. 1H variable temperature MAS NMR spectra of ABPBI at temperatures
ranging from 25 0C to 225 0C. The vertical scale of the 25 0C spectrum is magnified in
the inset to show the 15 ppm peak
Proton line shapes are sensitive to changes in mobility. Thus, in passing to higher
temperature, the increase in H-bonding may be a reason for increased relaxation time
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along with the consequence of greater water de-sorption that would resulting in reduced
free volume, as observed in Figures IV-13, 14 and 15 for the δ, γ and β relaxations
respectively. The 1H MAS NMR spectra collected over the temperature range of (25-225)
°C confirm the rearrangement of N-H protons and H-bond strengthening. The tan δ vs. T
plots by DMA and BDS (Figure IV-1 and 2 respectively) show the sub-Tg γ relaxation
occurs over the same temperature range as that of NMR variable temperature
experimental range. Thus, the 1H MAS-NMR results further confirm that the γ relaxation
is due to local chain motions caused by H-bond rearrangements.
Figure IV-23 shows variable temperature 13C CP/MAS spectra. The large peak at
~117 ppm is due to protonated carbon sites; the resonance at ~126 ppm reflects the
quaternary carbon in the benzene ring; the peak at ~135 ppm is for quaternary carbon
sites next to the nitrogen atoms; the peak at ~152 ppm is the imidazole carbon. These
spectra exhibit a decrease in signal-to-noise (S/N) as the temperature increases from 25 to
175 °C. This is consistent with increased proton mobility decreasing the efficiency of
cross polarization. However, it appears that S/N increases at 225 °C. In the 1H MAS
spectra, the line width for the N-H site also increased at this temperature. These two
observations would be consistent with a slight decrease in proton mobility. The absence
of shift in resonance peaks for 13C CP/MAS spectra implies that there is little motion in
the backbone, as is usual for rigid polymers. Also, the spectra for poly (2,5benzimidazole) was obtained at 225 °C using normal and variable amplitude CP/MAS
(VACP/MAS) methods (not shown). Variable amplitude CP/MAS is used for improving
S/N in cases of very mobile (i.e., rubbery) samples or high speed (>15 kHz) MAS. The
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fact that a significant spectral signal is observed for the VACP/MAS spectrum is another
indicator that differences in proton mobility are responsible for the spectral changes.

Figure IV-23. 13C variable temperature CP/MAS NMR spectra of ABPBI at temperatures
ranging from 25 0C to 225 0C
Conclusions
A dielectric spectroscopic investigation of poly (2,5-benzimidazole) uncovered
sub-glass relaxations and demonstrated the shift in these local molecular motions with
annealing time at different temperatures. These studies were complemented by dynamic
mechanical analyses that showed three secondary relaxation processes labeled β, γ and δ
in order of decreasing temperature. For all relaxations, it suggested that annealing results
in loss of moisture which diminishes free volume which, in turn, renders molecular
motions more difficult owing to better chain packing on a local level. This view is
supported by the fact that relaxation time increases with annealing for all three processes.
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This evolution of chain packing efficiency, seen in the WAXD studies, affects the state of
hydrogen bonding for relaxations influenced by these interactions. A quantity, N, a rough
index of the degree to which proton hopping pathways are connected, was extracted from
dielectric spectra at low frequencies. The highest value of N was observed at the
beginning of annealing at all temperatures suggesting highly contiguous charge
pathways, but these pathways become disrupted with decrease in annealing time. This is
explained in terms of charge traps that develop as free volume pockets become smaller
and the system is evacuated of water molecules. Τhe dc conductivity increases with
increase in annealing time. An explanation for this involves increased proton hopping
between –NH- and – N= proton donor and acceptor groups, respectively, that is brought
about by the loss of water molecules that causes closer chain packing and stronger Hbonds, thereby increasing conductivity. An increase in H-bonding strength was in fact
observed with the variable temperature NMR results.
A general conclusion derived from these studies is that dielectric spectroscopy
can be a power tool in the investigation of polymer relaxations and their relationship to
proton conductivity in fuel cell membranes.
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CHAPTER V
ANALYSIS OF SUB-Tg MACROMOLECULAR MOTIONS AND PROTON
CONDUCTIVITY IN ACID DOPED POLY(BENZIMIDAZOLE) MEMBRANES FOR
HIGH-TEMPERATURE FUEL CELL APPLICATIONS
Introduction
Polybenzimidazole (PBI) polymer is well known for its thermal and chemical
stability and mechanical properties. The chemical structure of PBI is shown in Figure V1. The wholly aromatic, rigid backbone imparts a glass transition temperature (Tg) of
about 450 °C and melting point of above 600 °C. These materials were primarily
developed by Hoechst-Celanese for use in fabric for firefighter’s clothing. The PBI
material used in these studies is produced and supplied by PBI Performance Products,
Inc., under the trademark Celazole®. The PBI polymer synthesis is a two-stage process.
Commercially, it is made by a melt/solid polymerization process from tetraminobiphenyl
and diphenyl isophthalate monomers to form PBI powder. The second stage involves
solid-state polymerization of PBI powder to increase the molecular weight.1,2

Figure V-1. Chemical structure of PBI.
To overcome the low temperature and system limitations associated with the
water-based PFSA type materials for FC applications, many alternative PEMs have been
developed.3 Phosphoric acid (H3PO4) doped PBI was first introduced by Litt et al.4 and
extensively studied by them5-10 and other researchers11-15 as a promising solid electrolyte
for high temperature PEMFCs. Recent articles review the progress towards the
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development of phosphoric acid doped PBI membranes.16,17 The benzimidazole group in
PBI has a pKa of about 5.5 which facilitates the absorption of acid as a plasticizer. The
acid-doped PBI membranes show high proton conductivity and high CO tolerance at high
temperature (> 120 °C) and under low RH conditions. These membranes also exhibit low
methanol crossover,18,19 low electro-osmotic drag coefficient for water and methanol,20
and good membrane durability21 during high temperature FC operation.
The different values for conductivity of acid-doped PBI membranes reported in
literature are accounted for the fact that conductivity is influenced by the membrane
preparation process, pre-treatment and acid doping level.10 It is important that all of the
measurements are done at conditions similar to those of a fuel cell which are operated in
the high temperature range of 100-200 °C and low % RH. Henceforth, a brief
introduction is provided below in order to understand the conductivity mechanism in
these systems.
The conductivity of H3PO4 doped PBI membranes is known to vary with RH,
temperature and doping level.4,13,22 Conductivity increases with increasing temperature
and RH. Acid doping also has a similar effect on membrane conductivity properties. At
lower doping levels e.g., x = 0 - 2 (x = number of acid molecules per polymer repeat
unit), added H3PO4 molecules protonate the nitrogen atom of the imino group of PBI. The
proton transfer mainly takes place between protonated and non-protonated imino nitrogen
groups (N-H+....N-H) (Figure V-2 a) on neighboring polymer chains and between imino
nitrogen and H3PO4. The presence of two H3PO4 per polymer repeat unit (x = 2) results in
maximum degree of protonation in PBI as suggested by Glipa et al.23 and Bouchet24,
based on IR analysis. For the PBI systems where x = 3, not much excess of H3PO4 is
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present after maximum protonation is reached. In this case, proton conduction is
suggested to result from a co-operative motion of two protons along polymerH2PO4¯ anion chains by the Grotthuss mechanism as shown in Figure V-2b. The larger PP distance, compared to the N-N distance, does not allow direct proton transfer between
the anions. With further increase in acid doping, due to excess H3PO4, the protons
migrate increasingly along H2PO4¯ ....H3PO4 chains. For 4.2 < x < 6, proton transfer
happens mainly along the acid and anion chain (H2PO4¯ - H+....H2PO4¯ (Figure V-2c) or
the acid and H2O chain (Figure V-2d). The membrane proton transfer is mainly
contributed by this excess free acid by a conduction mechanism similar to that of pure
H3PO4. The strong hydrogen bonding is present in these acid doped PBI membranes
between NH groups, H2PO4¯ and H3PO4. Also water molecules form hydrogen bonds
with H2PO4¯ and excess H3PO4. Thus, a three-dimensional network of hydrogen bonding
immobilizes the anion and facilitates the proton conduction by the Grotthuss mechanism.
The comparative rates of proton transfer are ordered as follows: H3PO4 (H2PO4¯ )....H-OH > H3PO4¯ ....H3PO4 > N-H+....H2PO4¯ , N-H+....H-OH > N-H+....N-H.
Acid doping level not only affects proton conductivity but also mechanical
properties such as modulus and elongation-at-break.6,22,25 At low doping levels (x = 0 to
2), PBI forms crystalline regions with acid. The added acid protonates the imidazole
groups and thus the Van der Waals and hydrogen bonding interactions between polymer
chains are replaced by ionic forces and increase in membrane modulus while elongationat-break drops. Also, the rigid, dense crystal structure prevents the membrane from
absorbing more water due to high modulus. For x > 2, there is free acid between polymer
chains that can plasticize the system. The excess acid with very small fraction of PBI
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forms amorphous regions. The absorbed water mainly interacts with this free acid in the
amorphous phase. Free acid softens the membrane and absorbed water also acts as a
plasticizer. This results in an increase in membrane elongation-at break but tensile
strength decreases. Reports10,26 suggested a useful H3PO4 doping level between 3 to 7.5
taking into account both conductivity and mechanical strength factors.
The work presented here describes a broadband dielectric spectroscopy (BDS)
analysis of H3PO4 doped PBI membranes. BDS is well suited for these investigations
because it can interrogate molecular motions over a broad frequency range. Moreover,
owing to its nature as an electrical probe, it is highly appropriate due to presence of
dipoles and mobile charges (water, H3PO4, impurities). The acid-doped PBI materials are
of interest for the FC application in the temperature range of 120 – 200 °C. Owing to the
fact that the PBI has Tg above 450 °C, the relaxations investigated over these lower
temperatures are short ranged motions in the macromolecular chains. A brief background
of dielectric relaxation theory is provided in the Introduction section of Chapter IV.
The objective of this work is to ascertain the effect of acid doping of PBI
membranes on macromolecular dynamics and the dc conductivity, σdc, within the context
of membranes for high temperature (> 100 °C) fuel cell application by using broadband
dielectric spectroscopy.
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Figure V-2. Chemical structure of (a) H3PO4 protonated PBI, (b) proton transfer along
acid-BI-acid, (c) proton transfer along acid-acid, (d) proton transfer along acid-H2O.8,10
Experimental
Materials
26 wt% PBI solution in dimethyl acetamide (DMAc) stabilized with 1.5% LiCl
with an absolute molecular weight of ~ 26,000 g/mol and intrinsic viscosity of 0.73 dl/g
was purchased from PBI Performance Products, Inc. The 85 wt % H3PO4 (in H2O) used
for PBI films doping was purchased from Aldrich Chemical Company and used as
received.
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Film Casting
Membranes were made by casting solutions onto glass plates and drying them in a
circulating air oven at 120 °C for at least 4 h. The cast films were washed in boiling water
to remove LiCl, which is added to PBI solution as a stabilizer, solvent and impurities.
The films were then dried in a vacuum oven at 100 °C for 12 h and further dried at 190
°C for 4 h to remove any traces of solvent. The thickness of the dried films was in the
range of 32 to 68 µm. For each film cast a uniform thickness was obtained.
Preparation of Acid-Doped Membranes
The films were then doped by immersion in 1M and 5M H3PO4 solution prepared
in de-ionized H2O at room temperature conditions. After 100 h films taken out from acid
solution were surface blotted and dried further in a vacuum oven at 100 °C for 12 h. The
final acid loading was determined from the weight difference of the membrane before
impregnation and after drying.
All doped films along with an undoped (control) sample were then stored in a
controlled humidity chamber at 19% RH until dielectric spectroscopy experiments were
conducted.
Broadband Dielectric Spectroscopic (BDS) Characterization
BDS spectra were collected using a Novocontrol GmbH Concept 40 broadband
dielectric spectrometer over the frequency (f) range of 0.1 Hz to 3 MHz and over the
temperature range of -80 to 300 °C in 10 °C increments. Also, spectra were collected
under isothermal conditions within the same frequency range at temperatures 120, 160
and 200 °C. Each experiment consisted of f sweep iterations at constant temperature for
5.7 h. The temperature stability of the instrument was controlled to within ± 0.2 °C. All
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films were preconditioned in a controlled humidity chamber at 19% RH at room
temperature for 7d. It is well to assume that the same amount of water exists in all
samples at the beginning of each BDS-in situ annealing experiment, since all samples
prepared the same way and experienced exactly same hydration history. Samples were
cut to a diameter of 2 cm and placed between two 2 cm diameter gold coated copper
electrodes. Clean aluminum foil was sandwiched between the film sample and electrode
to avoid adherence of polymer to the gold coated electrode surface. Curve fitting to
dielectric permittivity data was performed using the Novocontrol Winfit program. The
Havriliak-Negami equation (discussed in detail in chapter II) was best-fitted to the loss
(ε” vs. f) spectra for each specimen to obtain parameters that quantify the nature of
relaxations and charge conductivity.
Results and Discussion
Acid contents (in weight percent) membranes as a function of H3PO4
concentration, after immersion of cast PBI films in solution for 100 h at room
temperature, are listed in Table III-1. As expected, acid content increased as the acid
concentration increased. The film sample impregnated with 1M acid solution has the least
weight uptake of 36% which corresponds to a little over 2 molecules of acid per PBI
repeat unit. The amount of H3PO4 in the sample doped in 11 M acid solution corresponds
to ~ 6 acid molecules/ PBI repeat unit. More imbibed free acid results in higher
membrane conductivity.
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Table V-1. Acid Uptake of H3PO4 Doped PBI Membranes by Immersion in Different
Acid Bath Concentrations for 100 h at Room Temperature
H3PO4 solution
concentration
1M
5M
11 M

Acid wt.
uptake
36%
52%
61%

x, number of molecules of
acid per PBI repeat unit
2.2
3.7
6.3

An overall view of relaxation behavior, in the form of a 3 dimensional ε” vs. f and
T surface, for an un-doped PBI membrane, is illustrated in Figure V-3. The data was
collected by holding the temperature constant while running a frequency scan. The 3D
plot seen in Figure V-3 was constructed from these isothermal curves. There are three
secondary relaxation processes labeled δ, γ and β in order of increasing temperature. The

δ and β relaxations shift to higher frequency, with the latter becoming broadened, due to
increase in temperature as expected owing to greater thermal excitation of molecular
motions. The γ relaxation does not show any significant shift with temperature. The
upswing of the surface at low f and high T is due to d.c. conductivity.
A cut through the surface in Figure V-3 at constant frequency, i.e., a graph of ε”
vs. T, provides a clearer view of relaxation characteristics. This is seen in Figure V-4
which consists of ε” vs. T plots at f = 1.139 Hz, for the undoped membrane and acid
doped membranes. For the undoped membrane there three relaxations: A δ process from
-60 to -25 °C, a γ process from 25 to 150 °C and a β process from 160 to 280 °C. These
sub-Tg relaxations presumably result from short range molecular motions. A viscoelastic
relaxation at around -80 °C, observed by Menczel,27 is in close proximity of the δ
relaxation seen in Figure V-4 and was assigned to rotation of m-phenylene rings. The γ
peak might tentatively be assigned to structural rearrangements of hydrogen bonds
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Figure V-3. 3D ε” vs. f and T surface for an undoped PBI film.
caused by membrane dehydration. The same assignment was arrived at by Lushcheikin
et al.28 for poly(diphenylenebenzimidazole terephthalamide) which has a chemical
structure similar to that of PBI. In the realm of speculation, the β transition might reflect
the mobility of chain segments in close proximity to crystallites as discussed by
Parepechko.29
There is an increase in ε” over the entire temperature range as PBI acid content
increases from 0% to 36, 52 and 61 wt %. Peak broadening is observed for all
relaxations while the peak positions shift closer to each other with increased acid content.
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Figure V-4. ε” vs. T for undoped and acid doped PBI films with indicated acid weight
uptake at f = 1.139 Hz.
Tan δ (= ε”/ε’) vs. T data seen in Figure V-5 is another way of displaying and
looking at nature of relaxations, where, peaks look more pronounced. Here, the δ
relaxation remains distinct with increased acid content but the β and γ relaxations are
broadened. The other interesting feature observed for the γ relaxation is a decrease in
peak intensity with increased H3PO4 content from 0 to 52 wt%. MacKnight et al.30
reported two PBI FTIR spectral features associated with N-H stretching in free and
associated N-H groups at temperatures from 30 to 250o C. On heating the undoped PBI
material, a significant number of intermolecular hydrogen bonds were broken causing an
increase in the absorbance of the stretching band of non-hydrogen bonded N-H groups at
the expense of the absorption of hydrogen bonded N-H groups. The lack of H-bonding
facilitates local motions and hence less broadened peaks were seen for the control
sample. The increased acid content in membrane results in absorption of more water
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which resulted in an increase in overall hydrogen bonding with the doping level as H3PO4
and water are increasingly H-bonded with PBI as well as among themselves. As the acid
content increases from 0 to 52 wt %, peak broadening is observed which could be due to
hydrogen bonded polymer chains of different lengths, each moving with slightly different
time scales, causing a broad distribution of relaxation times. Also, low acid content
increases membrane rigidity and hence the modulus, due to formation of crystalline
regions. This could be another reason for suppression of peak height.
With increase in acid content from 52 to 61 wt% all - β, γ and δ peaks narrowed
with an increase in their strength. High acid content might cause plasticization which
might narrow the distribution of relaxation times of these local molecular motions. Also,
greater acid concentration would lead to more water sorption which further softens the
membrane. The plasticizing effect might dominate over hydrogen bond strengthening
which resulted in narrowing of the γ peak for the highly doped (61 wt%) film.

Figure V-5. Dielectric tan δ vs. temperature at f = 1.139 Hz for undoped and acid doped
PBI films with indicated acid weight uptakes. The dashed lines do not pass through
maxima but indicate general trends of peak envelopes.
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ε’ and ε” vs. f curves for undoped and acid doped PBI membranes at 160 °C are
shown in Figures V-6 and V-7, respectively. In Figure V-6, as acid concentration
increases, the curves shift upward which reflects increasingly greater polarizability due to
an increasingly greater population of polar H3PO4 groups. The high values of ε’
observed for the doped samples in the low frequency regime could be due to sampleelectrode interfacial polarization at blocking electrodes involving mobile charges.31
These high ε’ magnitudes are not seen for the undoped sample. This interfacial
polarization relaxation arises from opposite charge layers that periodically accumulate ↔
dissipate near the electrodes as the electric field oscillates.

Figure V-6. ε’ vs. f at T = 160 °C for undoped PBI and PBI having indicated acid
contents.
In Figure V-7, ε” increases with decrease in f due to dc conduction. At the
extreme left, the peak signature of membrane-electrode interfacial polarization32 is seen

128
in the top plot where the curve begins to turn downward. Relaxation peaks are greatly
masked by these phenomena.

Figure V-7. ε” vs. f at 160 °C for undoped PBI and PBI membranes having indicated
acid contents.
Figure V-8 shows ε’ vs. f data for a 52 wt % acid doped PBI sample at
temperatures of 80, 120, 160 and 200 °C. The γ transition shifts to higher frequencies as
the temperature increases. This, in a general sense, is due to increased polarizability due
to enhanced thermal motions with increase in temperature. As the temperature continues
to increase there is a rather sharp increase in ε’ towards the low f region. This, again, is
likely due to sample/electrode interfacial polarization as discussed above. As frequency
decreases, the half period of the signal, (1/2f), during which the electrical field is in the
same direction, becomes longer. In this time frame migrating positive and negative
charges separate near the electrode so as to produce a capacitive effect that accounts for
the large ε’ values. These enormous ε’ values at low f do not arise from dielectric
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behavior in the bulk material effect but from near-surface surface phenomenon in the
form of fluctuating electrical double layers or electrical multi-layers that rapidly lose
correlation with distance from the electrode.

Figure V-8. ε’ vs. f at indicated temperatures for the 52 wt. % acid contained PBI sample.
Figure V-9 shows ε” vs. f at indicated temperatures for the same sample. With
increase in temperature the γ relaxation shifts to higher f and there is an increase in ε”due
to the faster molecular motions affected by increased thermal kinetic energy. The sharp
increase in ε” at lower f is due to electrode polarization.
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Figure V-9. ε” vs. f at indicated temperatures for the 52 wt. % acid contained PBI
sample.

ε” vs. T for a PBI membrane having 52 wt % acid at four different frequencies is
shown in Figure V-10. The β, γ and δ peak assignments are as in the discussion of similar
spectra for the same sample at f = 1.14 Hz (Figure V-4).
With increase in frequency, the relaxations shift to higher temperature in Figure
V-10. As the experimental time frame during which motions can be captured, i.e., (2f)-1 ,
becomes shorter relaxations will shift off-scale to the right. Heating imparts more
thermal kinetic energy that brings the relaxation time scale down to the time scale of the
experiment.
In Figure V-10, not only do relaxations shift to lower temperature but the curves
rise in ε” with decreasing frequency. Again, this is due to the effect of increasing
experimental times scales in terms of a half period of electrical oscillation.
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Figure V-10. ε” vs. T at indicated frequencies for a PBI sample containing 52 wt% acid.
In order to extract quantitative relaxation information on acid doped membranes
the Havriliak-Negami (HN) equation was fitted to experimental data. Relaxations are
seen more distinctly if the dc contribution is subtracted from ε” over the frequency range.
This was done for all PBI samples except for the one with 61 wt% acid. The latter has
large ε” values arising from strong electrode polarization due to greater concentration of
H3PO4 as seen in Figure V-7. The overwhelming electrode polarization effect obscures
the relaxation making HN fitting to data impossible.
The dc- subtracted spectra for undoped and doped PBI with 52 wt% acid content
at three different temperatures are shown in Figures V-11 and V-12, respectively. The δ,
γ and β relaxations are clearly seen at the temperatures of -40, 190 and 290 °C,
respectively, on certain curves for the undoped PBI film. In the case of acid doped PBI,
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the δ relaxation is seen at -50 °C, and the β and γ relaxations are at 110 °C, while only the
β relaxation is visible at 220 °C. It is clear that as acid content increases from 0 to 52
wt%, the relaxations appear at lower temperatures due to the plasticizing effect of H3PO4.

Figure V-11. ε” vs. f for undoped PBI at temperatures of -40, 190 and 290 °C with the dc
conductivity contribution subtracted.

Figure V-12. ε” vs. f for 52 wt% acid doped PBI at temperatures of -50, 110 and 220 °C
with the dc conductivity contribution subtracted.
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Acid plasticization can be seen more clearly in Figure V-13 which shows dc
subtracted ε” vs. f curves for undoped PBI and PBI having indicated acid contents at T =
160 °C. The γ and δ peaks are seen for the undoped sample. The significant shift in the γ
peak towards high f as the acid content in PBI increases indicates faster local motions.
The γ relaxation is tentatively attributed to structural re-arrangements of hydrogen bonds.
As the doping level increases, acid plasticization is thought to dominate over the
hydrogen bond strengthening the net effect being faster molecular motions. The shift in
the β peak towards the right as the acid content increases from 36 to 52 wt% is explained
as above.

Figure V-13. ε” vs. f at T = 160 °C for undoped PBI and PBI having indicated acid
contents with the dc conductivity contribution subtracted. The rightward shift in the γ
relaxation is indicated.
In the Havriliak–Negami equation, α and β determine the distribution of
relaxation times designated by G(τ). A distribution of relaxation times reflects a
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distribution of local environment around those particular molecular motions involved in a
given relaxation. α characterizes the distribution breadth and β characterizes the degree
of curve asymmetry. G(τ) is given by eq. IV-4 (Chapter IV). G(τ) plots for undoped PBI
and PBI having indicated acid content at T = 160 °C are shown in Figure V-14, top and
bottom. The peaks seen in the bottom figure are very distinct but the top figure reveals
peaks that are not seen, or barely seen using the linear scale. The obscuring dc
contribution has been subtracted from the loss spectra so that only pure relaxations are
present. On a qualitative level there is distinct peak broadening with less asymmetry with
increased acid doping. According to the rationale presented above, this is interpreted in
terms of hydrogen bonded polymer chains of different lengths in acid doped samples,
each moving with slightly different time scales, causing a broad distribution of relaxation
times. The shift in curve maximum to lower τ reflects faster molecular chain motions as
would be expected due to plasticization by added acid that interacts with the PBI chains.

Figure V-14. Log-log (top) and semi-log (bottom) plots of distribution of relaxation
times at T = 160 °C for undoped PBI and PBI having indicated acid contents with dc
conductivity contribution subtracted.
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Figure V-14 (continued).
The dependences of σdc on doping level and temperature are seen in Figure V-15.
As acid content increases from 0 up to 52 wt % the curves progressively displace upward.
At 160 °C, the conductivities of films containing 36 wt % and 52 wt % acid are greater
by 2 and 3 orders of magnitude compared to undoped PBI. Thus, the curves for the
doped samples are displaced upwards from that of the undoped sample by decades. The
conductivity increases as temperature rises from 25 to 200 °C. A sudden drop in
conductivity for both acid doped samples (indicated by arrows), could be due to loss of
free water and water produced from H3PO4 dehydration. As reported earlier,8,26 TGA
showed two dramatic weight losses: one at 40 to 100 °C caused by the loss of free water
and the other at 130 to 200 °C caused by water released by acid dimerization reaction as
shown below :
2H3PO4

H4P2O7

+

H2O↑

136
In the case of undoped PBI, two opposite phenomenon might be taking place. σdc
should be decreased due to free water de-sorption, but with increase in temperature it
should be increased as the added thermal kinetic energy facilitates proton hopping
through a hydrogen bonded proton donor ( –NH-) and proton acceptor (– N=) groups.
The latter seems to dominate as σdc increases with temperature for the undoped PBI
sample.

Figure V-15. σdc for undoped and PBI doped with indicated acid content, from room
temperature to 200 °C.

The undoped and H3PO4 doped PBI films were annealed at three temperatures.
The acid doped membranes are of interest for fuel cell operation in the temperature range
120-200 °C. So, the temperatures chosen for annealing were 120, 160 and 200 °C. The
Figure V-16 shows the effect of annealing time on σdc at annealing temperatures of (a)
120, (b) 160 and (c) 200 °C.
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For undoped membranes, at all temperatures, there is an initial drop in
conductivity followed by constant σdc with annealing time. This could be due to loss of
water molecules which resulted in net decrease of hydrogen bonding sites. The acid
doped PBI samples showed better conductivity at all temperatures, compared to the
undoped membrane, by an order magnitude of 3-4, due to presence of proton contributing
H3PO4 groups. The loss of water due to dehydration seems to not affect σdc due to the
presence of acid molecules which could form a 3-dimensional hydrogen bonded network
through which protons can hop. While the PBI film with high acid content should have
higher conductivity, this is not seen in among samples having 36 and 52 wt% acid. With
the limited information at hand, it is difficult to sort out the simultaneous proton hopping
mechanisms shown in Figure V-2 in the acid doped samples. There are continuous
structural rearrangements involving hydrogen bonds taking place caused by membrane
de-hydration. Perhaps this is why no particular trend is seen for acid doped samples and
the conductivities do not differ by much, an order of magnitude.

Figure V-16. σdc vs. annealing time for undoped and acid doped PBI membranes with
indicated acid content at (a) 120 °C, (b) 160 °C, and (c) 200 °C.
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Figure V-16 (continued).

Conclusions
A study of undoped and acid doped PBI samples was made using broadband
dielectric spectroscopy for the purpose of identifying changes in characteristic sub-Tg
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macromolecular motions and proton conductivity for various membrane acid doping
levels.
Tan δ and ε” vs. f curves showed three secondary relaxation processes labeled β,
γ and δ in order of decreasing temperature for undoped PBI. As the acid content in the
membrane increased, peak broadening is observed for all relaxations while the peak
positions shift closer to each other. The ε’ and ε” vs. f curves for PBI membranes shift
upwards with increased acid content which reflects increasingly greater polarizability due
to increasingly greater populations of polar H3PO4 groups. The high ε’ values observed
for acid doped samples - and not for undoped PBI - in the low f regime could be due to a
relaxation of membrane-electrode interfacial polarization.
Experimental data for undoped and acid doped PBI materials were fitted to the
Havriliak-Negami equation, with subtraction of the dc conductivity contribution, to
uncover pure relaxation peaks. Relaxation parameters extracted from these fits were used
to construct distribution of relaxation time curves and analyze the dependence of σdc on
doping level, temperature. The distribution of relaxation time curves broadened with
increased acid doping level and shifted to lower times. The broadening could be due to
hydrogen bonded polymer chains of different lengths, each moving with slightly different
time scales, while the faster molecular chain motions would be expected due to
plasticization of PBI membranes by the added acid. σdc increased with increased
temperature and increased acid content. The added thermal kinetic energy facilitates
proton hopping via the Grotthus mechanism. σdc values for acid doped membranes were
higher by 3-4 orders of magnitude than that of undoped PBI at annealing temperatures of
120, 160 and 200 °C, due to presence of proton contributing H3PO4 groups.
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